Structural and Optical Properties of Wide Bandgap Nitride Semiconductors Using Electron Microscopy Techniques by Sun, Kewei (Author) et al.
Structural and Optical Properties of Wide Bandgap  
Nitride Semiconductors Using Electron  
Microscopy Techniques 
by 
Kewei Sun 
 
 
 
 
 
A Dissertation Presented in Partial Fulfillment  
of the Requirements for the Degree  
Doctor of Philosophy  
 
 
 
 
 
 
 
 
 
 
Approved November 2011 by the 
Graduate Supervisory Committee:  
 
Fernando A. Ponce, Chair 
David J. Smith 
Michael M. J. Treacy 
Jeffery Drucker 
Kevin E. Schmidt 
 
 
 
 
 
 
 
 
ARIZONA STATE UNIVERSITY  
December 2011  
  i 
ABSTRACT  
   
Group III-nitride semiconductor materials have been commercially used in 
fabrication of light-emitting diodes (LEDs) and laser diodes (LDs) covering the 
spectral range from UV to visible and infrared, and exhibit unique properties 
suitable for modern optoelectronic applications. Great advances have recently 
happened in the research and development in high-power and high-efficiency 
blue-green-white LEDs, blue LDs and other optoelectronic applications. However, 
there are still many unsolved challenges with these materials. In this dissertation, 
several issues concerning structural, electronic and optical properties of III-
nitrides have been investigated using a combination of transmission electron 
microscopy (TEM), electron holography (EH) and cathodoluminescence (CL) 
techniques. First, a trend of indium chemical inhomogeneity has been found as the 
indium composition increases for the InGaN epitaxial layers grown by hydride 
vapor phase epitaxy. Second, different mechanisms contributing to the strain 
relaxation have been studied for non-polar InGaN epitaxial layers grown on zinc 
oxide (ZnO) substrate. Third, various structural morphologies of non-polar InGaN 
epitaxial layers grown on free-standing GaN substrate have been investigated. 
Fourth, the effect of the growth temperature on the performance of GaN lattice-
matched InAlN electron blocking layers has been studied. Finally, the electronic 
and optical properties of GaN nanowires containing an AlN/GaN superlattice 
structure have been investigated showing relatively small internal electric field 
and superlattice- and defect-related emissions along the nanowires. 
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CHAPTER 1 
INTRODUCTION 
1.1.  III-nitrides Materials 
Group-III nitrides, including GaN, InN, AlN and their alloys have attained 
commercial success during the past two decades, due to their unique materials 
properties that have lead to highly efficiency optoelectronic devices. Remarkable 
breakthroughs have been achieved in recent years in the research and 
development in these materials, such as high-power and high-brightness blue, 
green, white light emitting diodes (LEDs), blue laser diodes (LDs), as well as 
other electronic and optoelectronic devices. The III-nitride materials have direct 
bandgaps ranging from 0.7eV (InN) to 6.2eV (AlN), covering the spectral range 
from the infrared, visible and ultraviolet by mixing binary compounds InN, GaN, 
and AlN, to form ternaries such as InxGa1-xN and AlxGa1-xN, and quaternary 
InxAlyGa1-x-yN compounds. Figure 1.1 shows the bandgap and chemical bond 
length of typical compound semiconductors for optoelectronic applications
1
. 
Among all these materials, III-nitrides and III-phosphides satisfy the requirements 
for solid state lighting manufacturing
2
. However, alternative semiconductors such 
as the III-phosphides operate efficiently in the infrared-red regime, but their 
efficiency drops abruptly in the green region due to the bandgap transitions from 
direct to indirect
3
. III-nitrides, on the other hand, are capable of covering the full 
visible spectrum by alloying these three binary compounds and can be n- and p-
type doped. III-nitride-based LEDs are in the process of replacing replace the 
  2 
traditional light bulbs with a great impact on energy consumption. Table 1.1 lists 
some of the basic physical properties of the group III-nitrides
4-6
. 
 
Figure 1.1. Graph of the bandgap energy and the chemical bond length for 
compound semiconductors that emit in the visible range of the electromagnetic 
spectrum
1
. 
Table 1.1. 
Comparison of basic properties of group III- nitride semiconductors
4-6
. 
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There are two crystal structures for III-nitrides, associated to differences in 
the stacking sequence of the closed-packed planes: cubic zincblende and 
hexagonal wurtzite. The cubic phase is metastable in the nitrides but it happens 
under specific growth conditions. However, the wurtzite structure is considered to 
be the thermodynamically stable one under the available growth conditions. The 
zincblende case belongs to the space group F43m where the stacking sequence of 
the (111) planes is …AaBbCcAaBbCc...; while the wurtzite structure belongs to 
the space group P63mc with a stacking sequence of …AaBbAaBb… of the (0002) 
basal planes; where uppercase and lowercase letters represent group-III and 
nitrogen atoms, respectively. Table 1.2 lists the lattice parameters of some III-
nitride wurtzite and zincblende binary compounds
7
. The hexagonal wurtzite 
structure of nitrides usually deviates from the ratio of lattice constant c/a=1.633 of 
the ideal tetrahedral arrangement. Due to this hexagonal tetrahedrally coordinated 
arrangement, nitrides lack a center of symmetry, and the relative displacement 
between the center of anions and cations along [0001] direction results in a 
spontaneous polarization as depicted in Figure 1.2 (a). The strain also plays a role 
in separation between the center of anions and cations leading to piezoelectric 
polarization as illustrated in Figure 1.2 (b). 
Table 1.2 
Wurtzite and zincblende (ZB) lattice parameters for some nitride semiconductors
7
.   
 
  4 
 
Figure 1.2. Schematic diagrams of (a) spontaneous and (b) piezoelectric 
polarization. 
Figure 1.3 shows the schematic lattice structures of GaN viewed under 
different projections
6
. Due to the symmetry of the wurtzite structure, , the basal 
plane orientation can be either Ga- or N-polar, depending on whether Ga or N 
atoms lie at the top (0002) bilayer, corresponding to the [0001] or [000-1] polarity, 
respectively
8
.  In addition, the chemical and physical properties
9
 of the (0001) and 
(000-1) planes are quite different: the Ga-face GaN usually has a smooth and 
more chemically stable surface; while the N-face GaN is the opposite. 
(a) 
(b) 
  5 
 
Figure 1.3. Projected views of wurtzite GaN along three main zone axes: (a) 
[0001], (b)[1120] , (c) [1010] 6. 
1.2.  Growth of III-nitride Semiconductors 
In spite of their unique properties for optoelectronic application, the 
growth of III-nitride materials and relevant devices were realized only in the early 
1980s, thanks to advances in thin film growth involving nitrogen precursors. The 
first single-crystalline GaN layers produced in 1969 were grown by the hydride 
vapor-phase epitaxy (HVPE) technique
10
. Since then, GaN epitaxial layers have 
been directly grown on sapphire substrate by HVPE, molecular beam epitaxy 
(MBE), and metal organic chemical vapor deposition (MOCVD) techniques
11,12
. 
However, due to the large lattice mismatch (~15%) and differences in thermal 
expansion rates between GaN and sapphire substrates, early growth of GaN 
directly on sapphire usually resulted in poor crystalline quality. During the late 
1980s, the crystalline quality was improved significantly by the work of Akasaki, 
Amano and co-workers using a low-temperature AlN buffer layer prior to the 
growth of a thick GaN layer called a “two-step” method, which is now commonly 
used in the growth of GaN on foreign substrates
13-15
. Although the dislocation 
densities in such GaN layers are still ~ 10
9
-10
10
/cm
2
, the effect on the electronic 
  6 
properties of GaN layers is surprisingly small. In 1989, Amano et al.
14
 first 
obtained p-type doping by a post-growth low-energy electron-beam irradiation 
(LEEBI) process. Latter in 1992, Nakamura et al.
16
 achieved p-type GaN 
materials by annealing Mg-doped GaN layers at >750℃  in a nitrogen or a 
vacuum environment, which is believed to activate the Mg acceptors
17
. With the 
accomplishment of high-quality GaN growth techniques and p-type GaN films, 
the first blue LEDs were fabricated by Amano and Akasaki in 1989and by Nichia 
Corporation in 1991
18
.  
Although important breakthroughs were accomplished in the growth of 
high-quality GaN films in late 1980s and early 1990s, applications in the visible 
light emission regime require lowering the bandgap of GaN (3.4eV), usually by 
the growth of InxGa1-xN alloys. Thus, the growth of high-quality InxGa1-xN films 
attracted great interest but attempt to grow such layers directly on sapphire 
substrates suffered of poor crystalline quality
19,20
. It was not until Nakamura and 
Mukai successfully achieved high-quality InGaN films by using a two-flow 
MOCVD growth method
21
 that the problems began to be overcome. These 
technological breakthrough in the growth of high-quality InxGa1-xN films with 
strong emissions has led to applications such as InGaN based blue/green single 
quantum well structure LED
22
, blue AlxGa1-xN/ InxGa1-xN double hetero-structure 
LEDs
23
, and the first continuous-wave current-injection violet-blue diode laser 
operating at room temperature in 1996
24
. Nowadays, III-nitride-based blue, green, 
and white LEDs have begun to replace traditional light bulbs and to be utilized as 
light sources in traffic lights, full color displays, etc.  
  7 
Another promising application area for III-nitrides is for deep UV LEDs 
based on AlxGa1-xN layers for their applications in high-density data storage, 
chemical/biological detection, and threat recognition aimed against aircraft or 
other vehicles
25
. The Al(In, Ga)N/GaN high electron mobility transistors (HEMTs) 
are used as a promising candidate for robust and high-power solid state amplifiers 
due to their wide bandgap, large dielectric breakdown field, good transport 
properties and good thermal conductivity
26-28
. There is a 2-dimensional electron 
gas (2DEG) at the Al(In,Ga)N/GaN interface with sheet carrier concentrations of 
up to 2 1013 cm-2, which is much higher than conventional III-V based HEMTs29. 
The high sheet carrier concentration induced by the piezoelectric and spontaneous 
fields in the III-nitride structure can be obtained even without intentionally doping 
the barrier region. 
Besides ternary InxGa1-xN/AlxGa1-xN alloys, the InAlN/GaN system has 
been studied extensively in recent years. Possible applications of InAlN in optical 
devices are as active and cladding layers of LEDs and LDs operating in the 
ultraviolet to infrared region. Moreover, by adjusting the AlN to InN ratio in the 
InAlN layer, the strain can be varied or even be completely eliminated by growing 
lattice-matched In0.17Al0.83N/GaN heterostructures. Utilizing this characteristic, 
the demonstration of an InAlN/GaN distributed Bragg reflector with an over 90% 
reflectivity has been reported
30
. It has been recently reported that by using lattice-
matched InAlN electron blocking layer, the quantum efficiency droop can be 
greatly reduced
31,32
. Not only for application in optical devices, the InAlN/GaN 
system has many predicted advantages over the AlGaN/GaN system for HEMT 
  8 
application and HEMT devices based on lattice-matched InAlN/AlN/GaN 
heterostructures have been reported
29, 33-35
. However, due to the large energy 
difference between In-N and Al-N bonds, and the large size difference between In 
and Al atoms, growth of high quality InAlN films is still a great challenge. 
1.3.  Substrates for The Growth of III-nitrides 
There are several important obstacles in obtaining large single crystals of 
III-nitride compounds for use as substrates for homoepitaxial growth, such as the 
high melting temperatures and dissociation pressures. Thus, single crystalline III-
nitrides are usually grown hetereoepitaxially on a number of foreign substrates 
which have close hexagonal symmetry, lattice constants and similar thermal 
expansion coefficients to the III-nitrides. Table 1.3 lists the lattice constants and 
thermal expansion coefficient of the prospective substrate candidates for III-
nitrides epitaxy. 
  
  9 
Table 1.3.  
Substrate candidates for GaN epitaxy
5,36
. 
 
1.3.1. Sapphire (Al2O3) 
Sapphire has been widely used as substrates for GaN epitaxial growth due 
to its low price, the availability of large-area crystals of good quality, its 
transparent nature, stability of high temperatures, and a fairly mature growth 
technology. Lei et al.
37
 and Powell et al.
38
 have carried out detailed studies on the 
orientation order of the GaN films grown on the main sapphire planes {basal, c-
plane (0001), a-plane (1120) , and r-plane (1102) }. It is noteworthy that although 
the calculated lattice mismatch between the basal GaN and sapphire is larger than 
30%, the films grown on sapphire orient themselves to match the bulk atomic 
positions of the film and substrate and decrease the effective lattice mismatch to 
about 15% as shown in Figure 1.4. In general, films on basal sapphire show 
  10 
nearly none of the cubic GaN phase. Moreover, r-plane sapphire is also 
considered as one of the substrate candidates for epitaxial growth of a-plane
(1120) GaN. The in-plane orientation of GaN with respect to the r-plane sapphire 
substrate has been found to be GaN[0001] // sapphire[1101] and GaN[1100] // sapphire[1120]
as shown in Figure 1.5
37,39
.  
 
Figure 1.4. Projection of bulk basal plane sapphire and GaN cation positions for 
observed epitaxial growth orientation. The dots mark aluminum atoms positions 
and the dashed lines show the sapphire basal-plane unit cells. The open squares 
mark gallium atom positions and the solid lines show the GaN basal-plane unit 
cells. The aluminum atoms on the sapphire plane sit at positions approximately 
0.5
o
A above and below the plane position
37
.  
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Figure 1.5. Projection of bulk r-plane sapphire and a-plane GaN cation positions 
for the observed epitaxial growth orientation. The dots mark aluminum atom 
positions and the dashed lines show the sapphire r-plane unit cells. The open 
squares mark gallium atom positions and solid lines show the GaN a-plane unit 
cell
37
.  
1.3.2. ZnO 
ZnO is considered as a promising substrate for III-nitrides because it has a 
close lattice match for GaN c- and a-planes and close stacking order 
40,41
. It was 
reported that ZnO has been used as buffer layer for GaN growth
42,43
, although the 
films were of inferior to the quality to the films with AlN and GaN buffer layers. 
Lattice-matched In0.22Ga0.78N alloys have also been achieved by using ZnO 
substrate by Matsuoka et al
44
. Recently, epitaxial growth of m-plane (1100)
InxGa1-xN thick films on m-plane (1100) ZnO has been demonstrated
45
. In this 
configuration, InGaN films with different indium content show various in-plane 
strain states. These characteristics make ZnO an interesting substrate candidate 
for non-polar growth of III-nitrides. 
1.3.3. Si 
The heteroepitaxial growth of III-V semiconductors on Si has attracted 
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significantly research efforts for several decades not only because of the high 
quality, availability and low price of Si wafers, but also for the possibility of 
integration of Si-based electronics with wide bandgap semiconductor devices
46-48
. 
Most of significant research work has been devoted to GaN grown Si (111) and 
much attention has been paid to the realization of good quality, crack-free GaN 
films on Si (111) substrates. Usually the huge tensile strains of the GaN film Si 
(111) leads to the microcracking and high density of defects due to the large 
lattice mismatch (20.42%) and the big difference (~56%) in the thermal expansion 
coefficience
49
. However, microcracks can be avoided by utilizing one or more 
intermediate AlN layers and high-quality GaN films have been grown on Si (111) 
in the last few years
50-52
. Up to now, HEMT and LED devices have been already 
realized on Si (111) 
48,53
. 
1.3.4. GaN 
Homoepitaxial growth of high quality GaN layers can be achieved by 
using a GaN substrate with identical crystal structure, lattice constant and thermal 
expansion coefficient, which don‟t require any additional steps such as growth of 
nucleation and buffer layers to reduce dislocation densities. Besides, GaN 
substrates are electrically conductive providing additional freedom for device 
processing. Laser cavities can be attained by simple facet cleaving of 
homoepitaxial GaN layers. Therefore, much effort in the growth of single crystal 
GaN substrates has been spent in the past few years.  
Several methods for growing bulk GaN crystal have been reported. High-
pressure synthesis and sublimation methods were demonstrated but the growth 
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rate is rather slow and the size of the single GaN crystals is quite limited
54,55
. 
Hydride vapor phase epitaxy (HVPE) growth of a thick GaN layer is considered 
as an alternate and promising approach for growth of GaN substrates since the 
growth rate in HVPE can be as high as 100 μm/h and large-sized single GaN 
crystal can be attained 
56,57
. At present, high-quality nonpolar/semipolar substrates 
can also make by slicing thick bulk GaN crystals grown by HVPE
58
. Recently, the 
development of new chemically based growth techniques has opened the way to 
ammonothermal growth of single GaN crystals
59-61
. The Polish company 
Ammono, financially supported by Nichia Company, is one of the current world 
leaders in bulk GaN manufacturing by ammonothermal growth and has grown 2-
inch diameter high quality bulk c-plane GaN substrates as well as non-polar such 
as m-plane, a-plane and semi-polar GaN wafers
62,63
. 
1.4. Microstructure of Epitaxial III-nitrides 
It is well known that the microstructure, such as dislocations, stacking 
faults and so on, has a great influence on the electric transport and optical 
performance in semiconductor devices. Due to the lack of perfect substrates for 
the growth of III-nitrides, the crystalline quality of epitaxial layers suffers greatly 
from the lattice mismatch and thermal expansion coefficients between these layers 
and the substrates with high density of dislocations, which usually play a 
detrimental role in the electronic properties for applications ranging from 
integrated circuit to diode lasers. However, the electronic devices based on III-
nitrides have exceptionally high optoelectronic performance in spite of the large 
defect densities
1,64
.  
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1.4.1. Threading Dislocations (TDs) 
The image of Figure 1.6 highlights the dislocation distribution in the 
InGaN-based blue LEDs showing a high density of TDs (~10
10
cm
-2
) existed in the 
nitride epilayer
1,64
.  
 
Figure 1.6. Cross-section TEM image of high-efficiency blue LED. The 
dislocation density is ~10
10
cm
-2
. 
It has been well accepted that there are three types of threading 
dislocations with different Burgers vectors in III-nitrides system: pure edge, pure 
screw and mixed threading dislocations as listed in Table 1.4
5,65
.  
The generation of dislocations was proposed to be related to the columnar 
growth of the nitride films. Disorientated columnar grains with tilt or twist or a 
combination of the two can give rise to the generation of pure edge, pure screw, 
and mixed TDs, respectively as shown in Figure 1.7
66
. TDs are generally 
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considered as non-radiative recombination centers which degrade the optical 
properties
67
, which usually have a density of ~10
9
-10
10
cm
-2
 for III-nitrides. 
However, the efficiency of LEDs based on III-nitrides is unexpected for high 
performance which may arise from the more ionic character of bonding in nitride 
materials compared to other III-Vs
64
.  
Table 1.4. 
Types of the threading dislocation and their Burgers vectors 
 
 
Figure 1.7. Schematic diagram of the columnar grain structure of GaN grown on 
sapphire substrates, containing tilt (a) and twist (b) components with dislocations 
existing at the boundaries between grains
66
. 
  16 
1.4.2. Stacking Faults (SFs) 
Stacking faults (SFs) is another one of the main types of extended defects 
generating in III-nitride epitaxial layers. The majority of stacking faults lie on the 
(0001) basal plane, which are called basal stacking faults (BSFs) and are 
terminated at each end by partial dislocations near the film/substrate interface in 
III-nitrides. Typically there are three categories of basal stacking faults: I1 
(intrinsic), I2 (intrinsic), and E (extrinsic)
68
. The I1 type BSF is formed either by 
removal or insertion of a basal plane with further 1 3 1100  slip of one part of a 
crystal with respect to the other leading to a modulation from the perfect stacking 
sequence of …AaBbAaBbAaBb… to …AaBbAaBbCcBbCc…. The BSF is 
bounded by a sessile Frank-Shockley dislocation with a Burgers vector b=
1 3 2023  . The I2 type of BSF is formed by 1 3 1100  shear of one part of a 
crystal with respect to the other or by dissociation of a perfect dislocation (b=
1 3 1120  ) into two Shockley partials with b 1 3 1100   , which has a 
stacking sequence of …AaBbAaBbCcAaCcAa…. E-type BSF with a stacking 
sequence of …AaBbAaBbCcAaBbAaBb… is formed by insertion of an extra 
basal plane. This type of faults is bounded by Frank partial with b 1 2[0001]
68
. 
Theoretical calculations show that the formation energies of these BSFs are type 
I< type II< type E
69
, which is consistent with experimental observations: type I 
BSFs contribute most to the whole stacking faults populations
70,71
. Basic 
properties of basal stacking faults in wurtzite III-nitrides are listed in Table 1.5. 
Stacking faults are also possible on planes other than the c-plane called prismatic 
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stacking faults (PSFs). Such a fault is formed on prismatic {1210}planes with a 
lattice displacement vector R=1 2[1011] 71. Liu et al. studied the relationship 
between the luminescence and the formation of stacking faults in a-plane GaN 
and revealed that there are addition emissions in the range 3.29-3.41 eV which is 
related to stacking faults in GaN epitaxial layers
72
.  
Table 1.5. 
Properties of basal-stacking faults in wurtzite GaN
68-71
. 
 
1.4.3. Compositional Instability and Atomic Ordering of InxGa1-xN Layers 
It is an interesting question whether or not group-III atoms are distributed 
randomly in the III-nitride alloys. It is suggested that there are two types of 
deviations from randomness occurring in mixed III-nitride layers due to the 
difference of the tetrahedral radii of atomic species: phase separation and atomic 
ordering
73
.  
Phase separation is theoretically predicted in InxGa1-xN alloys through 
spinodal decomposition, when a pseudo-binary system has a miscibility gap 
between two species shown in Figure 1.8
74
. Within the spinodal region, the free 
energy change is negative leading to the system is inherently unstable subject to 
composition fluctuations. InGaN quantum wells (QWs) based on InxGa1-xN alloys 
often suffers phase separation and form compositionally modulated „In-rich dots‟, 
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which may prevent from recombining nonradiatively at extended defects in III-
nitride LEDs
75
. 
 
Figure 1.8. Binodal (solid) and spinodal (dashed) curves for the InxGa1-xN system, 
calculated assuming a constant average value for the solid phase interaction 
parameter
74
. 
Atomic ordering is also observed and usually takes places on (0001) 
planes in the wurtzite III-nitride materials, which changes the crystalline 
periodicity. Northrup et al. suggested a strong preference for In surface 
segregation and occupation of specific surface sites: the {1011} facets may 
reconstruct supplying two alternating sites with N-coordination 1 and 2, which is 
energetically favorable for In and Ga atoms to occupy respectively as illustrated 
in Figure 1.9
76
. Providing In atoms enough mobility to occupy the two different 
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N-coordination sites on the facets, chemical atomic ordering would occur in 
InxGa1-xN alloys. 
 
Figure 1.9. Representation of {1011} facets showing two different bonding sites 
with N-coordination
77
.  
1.5. Layout of this Dissertation 
The properties of III-nitrides heterostructures are studied mainly using 
transmission electron microscopy combined with other techniques such as 
cathodoluminescence, X-ray diffraction, and Rutherford backscattering 
spectroscopy in this dissertation. Three important themes are studied: 1) the 
microstructures of polar c-plane and non-polar InGaN epitaxial layers grown by 
HVPE and MOCVD, 2) Growth temperature influence on the performance of 
InAlN electron blocking layers in green light emitting diodes, and 3) electronic 
and optical properties of AlN/GaN superlattice in GaN nanowires. 
In chapter 2, the properties of c-plane InGaN epitaxial layers with indium 
ranging from ~18% to ~30% grown by HVPE are presented. A strong tendency of 
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2-dimensional chemical phase separation with increasing indium composition is 
observed accompanied with a high density of stacking faults. Fully relaxed InGaN 
epilayers are achieved without observing atomic ordering. 
In chapter 3, the microstructure of non-polar m-plane InGaN epilayers on 
ZnO substrates reported. The indium composition ranges from 7% to 17%. Our 
observations indicate the anisotropic lattice mismatch between InGaN and ZnO 
results in different mechanisms of strain relaxation with change of indium 
composition. These characteristic mechanisms should provide new approaches to 
engineer thick InGaN layers with reduced lattice misfit strain. 
In chapter 4, non-polar m-plane InGaN epilayers on free-standing GaN 
substrates are characterized. The indium composition was determined from lattice 
parameters deduced from high resolution reciprocal spacing mapping. The 
microstructures of the InGaN films show that for low indium composition, the 
film exhibits high crystalline quality with arrays of periodic misfit dislocations at 
the interface between InGaN and GaN. For higher indium compositions, two 
distinct layers are observed with different indium contents. Microfacets with low 
density of dislocations initiate the crystal growth followed by the occurrence of 
high density of stacking faults generated at the surface of these microfacets.  
In chapter 5, the effect of growth temperature on the electron blocking 
performance of InAlN layers in green light emitting diodes is demonstrated. The 
microstructural and electron blocking properties of InAlN layers significantly 
depend on their grown temperatures. InAlN layers grown at relatively low 
temperatures (780℃) exhibit a three-dimensional growth mode and InAlN layer 
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grown at higher temperature (840℃) exhibits a two-dimensional growth mode. 
Devices with InAlN layers grown at different temperatures exhibit significant 
variations in the quantum well emission characteristics. 
In chapter 6, the electronic and optical properties of AlN/GaN 
superlattices in GaN nanowires were studied. Variations of the electrostatic 
potential were measured by electron holography across the superlattice structure 
with an average internal polarization field of ~1.8 MV/cm. Cathodoluminescence 
indicates a AlN/GaN superlattice emission at 3.55 eV in addition to basal-plane 
stacking faults, prismatic-plane stacking faults and partial-dislocations related 
luminescence peaks 
In chapter 7, the major findings of this dissertation are summarized, and 
recommendations are listed for future research directions. 
  
  22 
CHAPTER 2 
INXGA1-XN EPITAXIAL LAYERS WITH HIGH INDIUM CONTENT 
GROWN BY HYDRIDE VAPOR PHASE EPITAXY 
2.1. Introduction to InGaN Materials* 
InxGa1-xN ternary alloys have been investigated for several decades due to 
their potential for highly efficient optoelectronic devices operating in the violet to 
green range of the visible spectrum. The commercial manufacture of bright blue 
light emitting diodes (LEDs) and laser diodes (LDs) has been realized in recent 
years by growing epitaxial films with InGaN/GaN quantum wells (QWs) as the 
active structure
1,77
. In order to achieve GaN-based LEDs and LDs with longer 
wavelengths (beyond 500 nm), it is necessary to produce high-quality 
InGaN/GaN QWs with high indium compositions (x>25 %). III-nitride based 
LEDs have been commercially available in the near ultraviolet (UV) to blue 
region (400-460 nm) with the internal quantum efficiencies (IQE) up to 70%
78
. 
However, in the spectral range between 550 and 590 nm, known as the „green 
gap‟, the efficiency of InGaN-based LEDs decreases dramatically78-80. The 
efficiency continues to decrease for longer wavelength emission (amber and red), 
with values significantly below 5%
78,80,81
. This severe decrease in efficiency with 
increasing wavelength is shown in Figure 2.1 and it is one of the greatest  
______________________________ 
*
 The author gratefully acknowledges the following collaborations that made the 
work in this chapter possible: Reid Juday provided the CL data, Dr. Alec Fischer 
provided the XRD data, Jill Kennedy provided the RBS simulation and Dr. 
Alexander Syrkin, Technologies and Devices International, Inc. USA provided 
the samples. 
  23 
challenges for III-nitride based solid state lighting
78
.
 
Several reasons in 
combination could be attributed to the low IQE of green and longer wavelengths 
InGaN-GaN QWs
79
, such as: 1) high threading dislocation densities of the order 
~10
8
 cm
-2
; 2) high point defect concentrations due to the required low growth 
temperature for high InN mole fraction; and 3) strong spontaneous and 
piezoelectric fields that separate electrons and holes and increase radiative 
lifetime. Therefore, it is very necessary to explore the structural and optical 
properties of InGaN materials. 
 
Figure 2.1. Wavelength dependence of the internal quantum efficiency of InGaN-
based LEDs and materials. Commercial LED data (circles and squares) refer to 
estimated IQE from electroluminescence of LEDs. Data from the Technical 
University of Braunschweig (triangles) represent IQE data from 
photoluminescence of InGaN single-quantum well structures
79
. 
2.2. InGaN Growth 
Typically, it is a challenge to grow high quality InGaN/GaN QWs with 
high indium compositions greater than 20%, needed for the green and longer 
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wavelength light emitting devices. First of all, the large difference in interatomic 
spacing between InN and GaN (~10.6%) results in a solid miscibility gap leading 
to severe phase separation and inhomogeneous properties
74,82
.
 
As indium 
composition increases, the significant misfit strain introduces defects such as 
threading dislocations, stacking faults, inversion domains, voids precipitates, etc., 
which greatly degrade the performance of the optoelectronic devices. Secondly, 
the relatively high vapor pressure of InN compared with that of GaN causes low 
indium incorporation in the InGaN alloys
83
. In addition, the difference in the 
formation enthalpies for InN and GaN causes a strong indium surface segregation 
of the growth front
84
. To overcome these difficulties, proper growth parameters, 
such as growth temperature, V/III flux ratio, growth rate, and growth pressure, 
should be optimized. 
Currently, metalorganic chemical vapor deposition (MOCVD) is the 
predominant growth technique for the growth of most of the GaN-based structures 
and optoelectronic devices. InGaN materials grown by MOCVD are usually 
grown at a much lower temperatures than GaN and employ trimethylagallium 
(TmGa), trimethylindium (TmIn), and ammonia (NH3) as precursors. The growth 
temperature is used to control the In content of the epitaxial layers. It has been 
reported that there is a linear dependence of the composition on temperature 
within the range of 850-910℃ , which resulted in In contents of 10-35%85. 
However, Piner et al.
 86
 reported that both the deposition of indium on the surface 
and the cracking of ammonia will be substantially reduced as the growth 
temperature decreases. This results in an increase in the density of indium atoms 
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diffusing across the film surface and increases the probability of forming indium 
clusters. Typically the amount of indium droplets increases dramatically with a 
reduction of growth temperature. N2 carrier gas is typically used for InGaN 
growth, whereas H2 gas is used for GaN growth. This is because a reaction occurs 
between In and H to form InH3, and In content is reduced by the presence of 
hydrogen during the growth
87-88
.
  
Large V/III ratios are usually used to suppress 
the indium segregation during growth of InGaN partially because of the low 
cracking efficiency of NH3 at the growth temperature
86
. Moreover, the 
morphology of InGaN is also be influenced by the amount of NH3 on the surface. 
As the NH3 flow rate is increased, there will be a transition from island nucleation 
mode to step-flow mode
90
. Besides growth temperature, growth rate and growth 
pressure are also found to have a large influence on the indium incorporation in 
bulk InGaN films
90-94
.
 
It was reported that the evaporation of indium will be 
suppressed at lower temperatures and higher growth rates
91
, but indium droplets 
and composition inhomogeneity are observed due to low surface mobility of the 
adatoms
92
. However, high-quality InGaN was obtained by reducing the growth 
rate at growth temperatures below 760℃91, which is attributed to the arrival of 
two-dimensional step edges of the growth front under low growth rate
93
. Indium 
incorporation in the InGaN films is reported to increase with decreased the growth 
pressure
90,94
. A thick GaN buffer layer is generally deposited at high temperature 
prior to InGaN growth to help accommodate the mismatch between sapphire and 
InGaN and improve crystal quality. 
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2.3. Hydride Vapor Phase Epitaxy (HVPE) 
HVPE is an epitaxial growth technique employed to produce single crystal 
layers such as GaN and AlN. Figure 2.2 illustrates the basic concepts for GaN 
growth
95
. The carrier gases usually include ammonia (NH3), hydrogen (H2) and 
various chlorides. HVPE exhibits several advantages over other growth 
techniques such as MOCVD and MBE
96
, such as: 1) High growth rate (>20 m/h) 
can be easily achieved. 2) Since the volatility of group III chlorides lowers their 
absorption on dielectric masks, selective growth can be done under usual 
operating temperatures. 3) There is an inherent driving force for stable 
crystallographic directions for growth on nonpolar substrates under standard 
conditions. Due to its considerable growth rate, the HVPE technology has been 
used to grow GaN free-standing template substrates
95,96
. 
 
Figure 2.2. Schematic illustration for GaN HVPE growth: (1) main reactor tube, 
(2) heating elements, (3) Ga source gas channel, (4) boat with Ga melt, (5) Ga 
melt, (6) substrate, (7) substrate holder and (8) ammonia source tube
95
. 
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2.4. Experimental Details 
Three InGaN epitaxial layers with different indium contents were grown 
by HVPE on GaN/Al2O3 (0001) substrates. Indium compositions were determined 
by X-ray diffraction (XRD) analysis and Rutherford backscattering spectroscopy 
(RBS). Cross-sectional TEM samples were prepared by standard wedge polishing 
followed by Ar ion milling at 3.5 kV, with the specimen held at liquid nitrogen 
temperature. Cross-sectional TEM images were recorded using a Philips-CM200 
microscope operated at 200 keV. High resolution TEM images were taken using a 
JEOL-4000EX microscope operated at 400 keV. Cathodoluminescence (CL) 
measurements with high spatial resolution were performed in a scanning electron 
microscope equipped with a commercial spectrometer and a photomultiplier tube. 
The RBS measurements were obtained using a 3.73 MeV 
4
He
++
 ion beam, with 1-
2mm
2
 cross section area. The three samples are labeled as 5AS468-1, 5AS497-1 
and 5AS510-2, and were cut into 5mm 5mm pieces and the surface normal was 
tilted to    with respect to the incident ion beam. The indium composition was 
determined by using a standard analysis techniques and simulation software 
package. 
2.5. Results and Discussions 
2.5.1. Indium Compositions Determination by X-ray Diffraction 
Typically, the c lattice parameter determined by XRD measurement is 
used to calculate the indium composition of InGaN epilayers by a symmetric scan 
of (0002) peaks followed by the application of Vegard‟s law. However, because 
of the lattice mismatch between the epilayers and the substrate, a heteroepitaixal 
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layer is usually under biaxial stress that leads to the elastic deformation of the cell 
parameters before plastic relaxation and such an approach can result in an 
erroneous determination of the composition. Therefore, the strain state has to be 
taken into consideration to determine the chemical composition. For 
heteroepitaxial growth, three cases should be considered. First, in the 
pseudomorphic case, the epilayers‟ in-plane lattice parameters usually equal to the 
lattice parameters of the substrate and due to the tetragonal distortion, the 
measured value of c is different from the relaxed value of c0, which is used to 
determine the composition of the film by applying Vegard‟s law. Second, in the 
case of a fully relaxed epitaxial layer, either relaxed value of a0 or c0 can be 
directly used for the calculation of the chemical composition. However, the 
epilayers suffer partially relaxation in most cases, for which both in-plane and 
out-of-plane lattice constants are between previous the fully strained and fully 
relaxed values. In the case of InGaN epilayers grown on GaN templates, the films 
usually suffer a compressive strain in the basal plane. To estimate the indium 
composition accurately, both a and c lattice constants obtained from high 
resolution XRD reciprocal space mapping (HRXRD-RSM) need to be considered. 
The stress,   , is related to the strain   by Hooke‟s Law,     , where C 
is the elastic stiffness constant. Considering the hexagonal symmetry, the stiffness 
tensor in the general elasticity relation              usually can be written as 
follows:
97
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,                           (1) 
where the principal axes x, y, and z can be chosen to be parallel to the (Ga, In)N 
[2110] , [0110], and [0001] directions, respectively. Since the layers could be free 
to expand or contract along the growth direction, [0001], the stress     should be 
equal to zero, the elasticity relation yields: 
                                                                                               (2) 
considering the homogeneous strain in the basal plane, where        , the 
relationship of the strain for [2110]  and [0001] directions can be expressed as 
follows: 
                                                    
    
   
                                                          (3) 
where the strain can be expressed as: 
                                                    
            
  
                                                   (4) 
where dmeasure is the lattice parameter from the experiment and ds is the lattice 
parameter of the substrate. 
It has also been proposed that the Cij term for InGaN alloys follow 
Vegard‟s law98-100: 
                                     
               
             
                                 (5) 
Combined Eq. (3) – (5), the final relation can be achieved: 
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The relevant values of the relaxed lattice parameters and the elastic coefficients 
for the calculation of the chemical composition are listed in Table 2.1.  
Table 2.1.  
Lattice parameters and elastic coefficients of GaN and InN. 
 
The unit of the lattice parameters is Angstrom, and the unit of the elastic constants 
is GPa. 
a
Listed in Ref. 101. 
b
Experimental data from Ref. 102. 
c
Calculated in Ref. 
103. 
Figure 2.3 shows the HRXRD-RSM of the three InGaN films by selecting 
an asymmetric reflection, namely, (1015) . Both the in-plane and out-of-plane 
lattice constants can be measured. The separation of the peaks between the InGaN 
film and GaN template indicates that the InGaN films have been fully relaxed and 
the lattice parameters for both a- and c-direction were obtained. By using Eq. (6), 
the indium composition for each InGaN layer has been estimated and listed in 
Table 2.2.  
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Figure. 2.3. Reciprocal space mapping of InGaN epitaxial layers: (a) 5AS468-1, 
(b) 5AS497-1, (c) 5AS510-2. 
Table 2.2. 
Lattice parameters determined by HRXRD-RSM and the associated indium 
compositions for the InGaN epilayers. 
 
2.5.2. Indium Compositions Determined by RBS 
The indium compositions have also been determined by Rutherford 
backscattering spectrometry (RBS) since it does not need calibration standards 
and gives composition values independent of lattice strain and chemical state. 
Therefore, RBS has been used to confirm the indium composition for the InGaN 
epilayers.  
Figure 2.4 shows the RBS spectra for the three InGaN epilayers. By fitting 
a simulated spectra to the experimental spectra the indium compositions were 
determined to be x~0.18, 0.23, and 0.30, for the InGaN films 5AS468-1, 5AS497-
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1, and 5AS510-2, respectively. For a heavy element like indium an accuracy 
of 0.01 is estimated for these measurements. The XRD measurements are in 
good agreement with the values from RBS. Better correlation can be obtained by 
using higher index planes for X-rays analysis since most of the error from XRD 
comes from the poor accuracy in the measurement of a. 
 
Figure 2.4. RBS spectra for three InGaN epilayers. 
2.5.3. Luminescence Measurements 
The cathodoluminescence (CL) spectra of the InGaN epilayers are shown 
in Figure 2.5. The CL spectrum for 5AS468-1 shows a symmetrical Gaussian 
curve with the main CL peak located at 2.62eV. As the indium composition 
becomes higher, the spectrum for 5AS510-2 shows a bi-modal CL emission with 
the main CL peak located at 2.15eV and a lower energy shoulder at 1.99eV as 
shown in Figure 2.6.  
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Figure 2.5. Normalized CL spectra taken at 4.4 K with Vacc = 5 kV. 
 
Figure 2.6. CL spectra of InGaN films corresponding to (a) 5AS468-1 showing a 
single Gaussian peak and (b) 5AS510-2 showing a convolution of two Gaussian 
peaks. 
2.5.4. Morphology and Microstructure 
Secondary electron microscope (SEM) images of the InGaN surface are 
shown in Figure 2.7 (a). The SEM images reveal significant changes in surface 
morphology with indium composition. For 5AS468-1, the surface of the film is 
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remarkable specular. As the indium composition increases, the surface 
morphology becomes rough and undulated with several columnar grains observed 
at the surface. By recording the spatial resolution of the main CL peak 
luminescence, the monochromatic CL images also demonstrate that for 5AS468-1 
(lowest indium content), the luminescence is fairly uniform; for 5AS510-2 
(highest indium content), bright spotty luminescence appears in the epilayer as 
shown in Figure 2.7 (b). The diameter of the bright spots is approximately 1 m. 
 
Figure 2.7. SEM (a) and monochromatic CL (b) images of the InGaN epilayers. 
Cross-section TEM studies reveal the microstructure of the InGaN 
epitaxial layers with the change of indium composition. Figure 2.8 shows a pair of 
weak beam dark field (WBDF) cross-section TEM images of 5AS468-1 InGaN 
epilayer by selecting various diffraction conditions. The images were taken at the 
same area. It is shown that the InGaN layer is approximately 260 nm thick and 
there are no V-pits associated with threading dislocations in the observation view. 
A high density of planar defects can be observed in the InGaN epilayers in Figure 
2.9. HRTEM images show that the introduction of basal stacking faults results in 
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several monolayers of cubic phase structure in the hexagonal matrix as shown in 
Figure 2.9 (c) and (d). Selective area diffraction patterns (SADPs) in Figure 2.9 (b) 
exhibit strong streaks along the [0001] direction in the [1120]  patterns indicating 
the existence of thin structures along the [0001] direction, which has been 
illustrated to be basal stacking faults or thin layers with cubic phase structure. 
   
Figure 2.8. WBDF cross-section TEM images of 5AS468-1 InGaN epilayers: (a) 
and (b): g=[0002]and g=[1100] , respectively. 
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Figure 2.9. HRTEM images of 5AS497-1 InGaN epilayer exhibiting a high 
density of planar defects and the appearance of several monolayers of cubic 
structure highlighted in the dashed rectangle: (a) bright-field image taken along 
[1120]  zone, (b) SADPs taken at the same region (c) and (d) HRTEM images 
taken at the regions indicated by the rectangles. 
Figure 2.10 shows a pair of WBDF images of the 5AS497-1 InGaN 
epilayer. Vertical bright/dark contours could be clearly observed under g=[1120] , 
while such features almost disappear under g=[0002]. Edge dislocations generated 
in GaN buffer layer tend to terminate at the GaN/InGaN interface, while a few 
threading dislocations with screw component propagate into the InGaN layer. 
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WBDF images in Figure 2.11, taken under g= [1100]  conditions, indicate that 
below ~ 100 nm, the InGaN epilayer exhibits a high density of stacking fault. 
When the thickness goes beyond 100 nm, the density of stacking faults decreases 
followed by the appearance of the bright/dark contours as observed in Figure 2.11. 
In Figure 2.12 (a) and (b), SADPs taken at the InGaN/GaN interface of 5AS497-1 
InGaN layer also exhibit the appearance of the strong streaks along the [0001] 
directions indicating the existence of a high density of basal stacking faults. Two 
sets of diffraction patterns, originating from InGaN and GaN, are superimposed in 
the SADPs, which indicates that full relaxation has been achieved in the InGaN 
layer. Besides, the high-order diffraction spots are elongated along directions 
perpendicular to the [0001] direction. The elongations are due to the variation of 
the lattice spacing between phase separated regions in the basal planes. However, 
such phenomena are not quite as obvious for the 5AS468-1 InGaN epilayer, for 
which the high-order diffraction spots are of circular shape indicating the identical 
lattice spacing in the basal planes, as seen in Figure 2.12 (c). 
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Figure 2.10. WBDF images of 5AS497-1 InGaN epilayer taken along the [1100]  
projection showing the near-vertical bright/dark contours: a) g=[0002], b) g=
[1120] . 
 
Figure 2.11. WBDF images of 5AS497-1 InGaN epilayer taken along [1120]  
projection showing the high density of stacking faults below ~ 100 nm.  
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Figure 2.12. a) and b) SADPs of 5AS497-1 InGaN epilayer taken at [1120]  and 
[1100]  zone respectively, with magnified high order spot shown in inset. c) High-
order diffraction spots of 5AS468-1 InGaN epilayer as a comparison. 
Figure 2.13 shows cross-sectional TEM images of the 5AS510-2 InGaN 
epilayers in which four distinct layers are well resolved. The total thickness of the 
layers is about 0.5 m. Strong bright/dark contours can be observed under g=
[1120] , but are invisible under g=[0002], suggesting such features exhibit strain 
fields only on the basal planes. However, the strong/dark contours start to 
dominate after the growth of the first two layers (~ 100 nm) and extend to the top 
of the film. On the surface of the top layer, several trapezoidal islands can be seen. 
The generation of these trapezoidal islands could be responsible for the 
undulation of the surface and the spotty luminescence, which are observed in the 
SEM and CL images. Moreover, in the magnified image in Figure 2.13 (c), 
several threading dislocations can be found, which originate in the InGaN 
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epilayers. Most of them are of screw-type with Burgers vector b=[0001]. These 
dislocations form a spiral shape extending to the top surface of the InGaN layers. 
SADPs in Figure 2.14 taken at the [1120]  zone show the strong streaks along the 
[0001] direction as well. High-order diffraction spots exhibits two sets of 
diffraction spots originating from the GaN and InGaN layers respectively, 
suggesting that the InGaN epilayers are fully relaxed. The high-order diffraction 
spots from InGaN, which are perpendicular to the [0001] direction, also split into 
two spots indicating the existence of In-rich and In-poor phases in the InGaN 
epilayers. 
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Figure 2.13. Cross-sectional TEM images of the 5AS510-2 InGaN epilayer: a) 
WBDF image taken under g=[1120] , b) WBDF image taken under g=[0002], c) 
magnified bright-field image taken under g=[0002]. 
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Figure 2.14. SADPs taken at the [1120]  zone with the inset of magnified high-
order diffraction spots. 
2.5.5. Discussion 
During the early stage of InGaN growth, the incorporation of indium is 
inhibited at the InGaN/GaN interface due to the large atomic size difference 
between In and Ga. This is referred to as a composition-pulling effect
104
, which 
helps suppress the misfit at the interface. The allowed slip systems in InGaN 
alloys are usually very sluggish in relaxing the misfit strain for the case of c-plane 
growth
105
. Thus, for all the InGaN films described above, few periodic arrays of 
misfit dislocations can be observed around the InGaN/GaN interface. However, 
due to the fast growth rate and increasing thickness, the crystalline quality of the 
films starts to break down by the introduction of planar defects, which should 
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provide relief of the strain energy. The driving force of phase separation is also 
greatly increases with indium composition. Both of these factors can lead to the 
occurrence of phase separation. Since the phase separation in a thin foil is two-
dimensional in nature
106
, the strain field between In-rich and In-poor regions is 
limited to the basal plane and the bright/dark contrast can be only observed under 
g=[1120]  conditions and disappear under g=[0002] conditions. However, the role 
of the generation of basal stacking faults in the strain relaxation still require 
further investigation because of the observation of the dramatic decrease of the 
density of basal stacking faults at a certain thickness and the appearance of the 
two-dimensional phase separation in terms of bright/dark contours in 5AS497-1 
InGaN film as observed in Figure 2.11. 
2.6. Conclusions 
The properties of c-plane InGaN epitaxial layers grown by HVPE with 
indium content ranging from ~18% to ~30% have been investigated. The indium 
composition has been carefully determined by both XRD and RBS techniques. 
Fully-relaxed InGaN epilayers have been observed. A strong tendency for two-
dimensional chemical phase separation with increasing indium composition is 
observed accompanied with a high density of stacking faults. Several monolayers 
of cubic phase are observed to exist in the hexagonal matrix of the InGaN film. 
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CHAPTER 3 
THICK M-PLANE EPITAXIAL INGAN FILMS GROWN ON ZINC 
OXIDE SUBSTRATE 
3.1.   Introduction
*
 
Although highly efficient InGaN-based optoelectronic devices operating 
in the violet to green region of the visible spectrum are commercially available, 
GaN/InGaN heterostructures grown on c-plane sapphire substrate typically suffer 
a huge strain due to the large lattice mismatch between InN and GaN leading to a 
great decrease in light emission efficiency in the green region and beyond
107-109
. 
This is because that the strong piezoelectric fields along the conventional c-
direction can decrease the wave function overlap and lower the possibility of the 
recombination between electrons and holes
110,111
. The large lattice mismatch is 
also thought to introduce compositional inhomogeneities and high density of 
defects in the InGaN quantum well layers especially for high indium content 
(>20%)
105
. Therefore a promising approach to solve these challenges is to grow 
InGaN active layers with high indium content and low lattice mismatch on thick 
InGaN templates grown in non-polar directions
112
.  
Due to the lack of suitable substrates, non-polar GaN grown on sapphire 
and on other high lattice mismatch substrates exhibit high densities of basal plane 
______________________________ 
*
The main content of this chapter was published as: Misfit strain relaxation in m-
plane epitaxy of InGaN on ZnO. Z. H. Wu, K. W. Sun, Q. Y. Wei, A. M. Fischer, 
F. A. Ponce, Y. Kawai, M. Iwaya, S. Kamiyama, H. Amano, and I. Akasaki, Appl. 
Phys. Lett. 96, 071909 (2010). The author gratefully acknowledges that Prof. 
Hiroshi Amano of Meijo University, Japan, provided the InGaN/ZnO samples. 
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stacking faults and partial dislocations, which make it difficult to grow thick non-
polar InGaN layers with high indium content. Moreover, m-plane InGaN epilayers 
usually suffer anisotropic strains along the a and c lattice axes on foreign 
substrates. It is therefore important to understand the mechanisms of strain 
relaxation for this non-polar configuration. 
In this chapter, m-InGaN epitaxial layers on ZnO substrate have been 
studied. The indium content of the layers ranged from ~7% to ~17%. The 
microstructures of the thick m-plane InGaN epilayers were studied by 
transmission electron microscopy (TEM) in order to understand the mechanisms 
of strain relaxation as the indium content increases. 
3.2.   Experimental Details 
The growth of thick m-plane InGaN epilayers on m-plane ZnO is 
described in detail in Ref. 45. The indium compositions of the InGaN films have 
been estimated to be approximately 7.1%, 9.3%, 11.9% and 16.8% from X-ray 
diffraction scan profile. Cross-sectional TEM samples were prepared by standard 
wedge polishing followed by argon ion milling techniques at 3.5 KeV, with the 
specimen held at liquid nitrogen temperature. Bright field TEM images were 
recorded by a field-emission Philips-CM200 microscope operated at 200 keV. 
3.3.   Results and Discussion 
A thin epilayer on a foreign substrate usually experiences large in-plane 
lattice mismatch in terms of compressive and tensile stresses Conventionally the 
in-plane mismatch stress is defined as follows: 
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

 ,                                                      (1) 
where as is the lattice parameter for the substrate, and af is the lattice parameter 
for the film.  
At the beginning of the growth process, the film develops under 
pseudomorphic condition, which means that the film conforms the substrate, with 
the lattice constant as having the same value as the lattice constant af. As the film 
thickness h increases, the stored mismatch strain energy increases, proportionally 
to the film thickness h. The film is expected to remain elastically strained until its 
thickness reaches a critical value hc, beyond which the relaxation processes starts
9
.
 
The appearance of misfit dislocations at the interface between the film and the 
substrate signals the plastic relaxation process. The strain state can be estimated 
by measuring the separation of the misfit dislocations. If the film is fully relaxed, 
the periodic separation of the misfit dislocations can be described following: 
                                             
s f
f s
a a
s
a a

 ,                                              (2) 
where s is the separation of the misfit dislocations, as is the lattice parameter for 
the substrate, and af is the lattice parameter for the film.  
Figure 3.1 shows the relationship between the lattice parameters of the 
ZnO and the InxGa1-xN (0<x<1) epitaxial layer. (The two materials have the same 
lattice parameter at ~17% along the a-direction, and at x~ 4% along the c-
direction.) 
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Figure 3.1. The relationship of the lattice parameters between ZnO and InxGa1-xN 
epilayers (0<x<1). 
Following the methods describing above, the calculated in-plane lattice 
constant and the corresponding misfit with ZnO are listed in Table 3.1. For the m-
plane epitaxy case, the strain experienced by the InGaN epilayers is significant 
anisotropic along the <0001> and 1120   orthogonal in-plane directions. 
  
  48 
Table 3.1.  
Lattice mismatch between m-InxGa1-xN and m-ZnO, where x is the indium 
composition.
*
 
 
*The lattice parameters along 1120   and <0001> directions are denoted as a 
and c, respectively. The a lattice constants of ZnO, GaN, and InN used for the 
calculation are 3.249, 3.189, and 3.545
o
A ; and the c lattice constants are 5.204, 
5.189, 5.703
o
A , respectively. The plus and minus signs in the misfit column 
signify compressive and tensile strains, repectively
113
.  
The surface morphologies are shown in Figure 3.2 indicating that when 
the indium composition is relatively low (x~ 7.1% and x~ 9.3%), cracks are often 
observed; while on the other hand, InGaN epitaxial layers with high indium 
content (x~ 11.9% and x~ 16.8%) have a fairly smooth surface with good film 
coalescence. 
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Figure 3.2. The surface morphologies of the InxGa1-xN epilayers (x~ 7.1%, 9.3%, 
11.9%, and 16.8%). 
Figure 3.3 shows TEM images of the InGaN layer with x~ 7.1%. Under 
pseudomorphic conditions, the epilayer should experience a tensile strain of 1.07% 
along the a-axis, and a compressive strain of 0.41% along the c-axis. The bright 
field cross-section images were taken under various two-beam diffraction 
conditions in order to access the nature of the extended defects. Figure 3.3 (a) and 
(b) were taken along the [1120]  projection under diffraction conditions of g = 
[0002] and [1120] , respectively. Along this projection, dislocations that are 
visible under g = [0002] should have a Burgers vector with a component along the 
c-axis, while dislocations with a Burgers vector with a [1100]  component and the 
I1 basal stacking faults (most commonly found in non-polar GaN) should be 
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visible under g= [1100] 39,65,114. The absence of misfit dislocations and basal 
stacking faults in Figure 3.3 (a) and (b) indicate that the 0.41% lattice mismatch 
between InGaN and ZnO along the c-axis is insufficient to generate extended 
defects. But for the [0001] projection, a periodic array of interfacial dislocations is 
observed in Figure 3.3 (c), corresponding to a lattice mismatch of -1.07%. The 
dislocation lines lie along the c-axis; and appear as short segments because of the 
tilt away from the c-zone axis needed for appropriate imaging conditions. The 
dislocations are visible under g=[1120] , implying that they have a Burgers vector 
with a component along the a-axis. The contrast of these dislocations vanishes 
under g =[1100]  as observed in Figure 3.3 (d), indicating that these dislocations 
are of the edge type. Taking into consideration their mean separation of ~ 31 nm, 
we conclude that this is a periodic array of misfit dislocations with a Burgers 
vector of 1/3 [1120] . Using the data in Table I, fully relaxed epilayers would 
exhibit a misfit dislocations separation of 29 nm; thus the experimental results 
indicate the InGaN film is near complete relaxation. In addition, cracks in the 
InGaN layer are observed in the cross-sectional view. They are located close to 
the ZnO interface, and stretch along the c-axis on the interface.  
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Figure 3.3. Bright-field cross-section TEM images of m-plane InxGa1-xN/ZnO, 
where x=0.071, taken along two orthogonal projections. (a) and (b) were taken 
along the projection with g=[0002] and [1100] , respectively. (c) and (d) were 
taken along the [0001] projection with g=[1120] , and [1100] , respectively. 
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High resolution TEM (HRTEM) images in Figure 3.4 show the interface 
between InxGa1-xN (x~ 7.1%) epitaxial layer along the [1120] and [0001] 
projections. Along the [1120] projection, the Fourier filtered image in Figure 3.4 
(b) shows that the vertical lattice plane is perfectly aligned between ZnO and 
InxGa1-xN epitaxial layer with a smooth surface being observed indicating the film 
is pseudomorphic along the [0001] direction which is consistent with the 
observation of the absence of misfit dislocations or BSFs. Along [0001] 
projection in Figure 3.4 (c), the interface between ZnO and InxGa1-xN epitaxial 
layer shows an island-growth mode with an undulated surface. 
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Figure 3.4. HRTEM images of the interface between ZnO and InxGa1-xN (x~ 
7.1%) epitaxial layer. (a) Projection along the [1120]  zone axis.  (b) Fourier 
filtered image of the box region in (a). (c) Projection along the [0001] zone axis. 
Similarly, an InGaN layer with x~9.3% under pseudomorphic conditions 
would exhibit a tensile strain of 0.83% along a-axis, and a compressive strain of 
0.63% along the c-axis. As in the x~7.1% case, no extended defects are observed 
along the [1120]  projection, and cracks and arrays of misfit dislocations are 
  54 
observed along the [0001] projection under g=[1120] . The average separation of 
the dislocations is 38 nm for x~9.3% as highlighted in Figure 3.5. For fully 
relaxed epilayers with x~9.3%, the dislocation separation along the [1120]  
direction can be calculated to be 37 nm, which is close the measured value and 
indicates that in the x~9.3% case, the InGaN film is also near full relaxation. The 
observation of cracks has been reported in epilayers with [In]  9.3%, where high 
tensile strained conditions exist along the a-axis (lattice mismatch 0.8%)
8
. Thus, 
it is suggested that the InGaN layer grows under tensile conditions, with the wafer 
being bent into a concave upper surface. After a critical thickness is reached, 
cracks are produced in the InGaN creating a V-groove in the ZnO. The cracks 
propagate in a straight line, along the c-axis across the full field of view, with an 
average separation of ~30 and 100 μm for 7.1% and 9.3 cases, respectively45. The 
crack formation triggers the generation of misfit dislocations at the surface, which 
glide towards the InGaN/ZnO interface to relax the lattice mismatch. This 
happens during growth, with InGaN subsequently growing in the gap produced by 
the crack. 
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Figure 3.5. Bright-field cross-section TEM images of m-plane InxGa1-xN/ZnO, 
with x=0.093, taken along two orthogonal projections. (a) and (b) were taken 
along the [1120]  projection with g=[0002] and [1100] , respectively. (c) and (d) 
were taken along the [0001] projection with g=[1120] , and [1100] , respectively. 
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When the In content is increased to 11.9%, the lattice mismatch along the 
a-axis decrease to ~-0.54% (tensile); on the other hand along the c-axis it 
increases to ~0.88% (compressive). In contrast to the previous cases with x 
9.3%, no misfit dislocations are observed at the interface in the [0001] projection, 
reflecting a high degree of coherence at the InGaN/ZnO interface. However, the 
InGaN layer exhibits distinct features in the [1120]  projection shown in Figure. 
3.6 (a) and (b). A serrated surface of the InGaN films is seen in Figure 3.6 (a) to 
originate at the InGaN/ZnO interface. The lateral dimensions of the saw-tooth 
formation coincide with the undulation of the interface, both with a period of ~65 
nm. Stacking faults originate at the trough of the interface and propagate along the 
growth direction. Additional stacking faults nucleate afterwards at the lower 
corner of the saw-tooth pattern to form triangular zones that terminate at the 
serrated surface. Figure 3.6 (b) suggests that the left leaning potions of the 
undulated interface end up generating more faults than the right leaning portions. 
Figure 3.6 (c) shows a high resolution TEM image in a heavily faulted region 
outlined in a rectangular box in Figure 3.6 (b). The stacking faults initiate at the 
vertical portion of the serrated growth front. The period of undulation and 
generation of stacking faults is similar to the expected dislocation separation of 65 
and 59 nm, respectively, for x~11.9%. The initial stacking faults should therefore 
be of the Frank type where an InGaN basal plane abruptly ends at the InGaN/ZnO 
interface, creating a lattice displacement of R=1/6 [2203] . The 1/2[0002] 
component of the Burgers vector relaxed the misfit strain along the c-axis. 
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Figure 3.6. Bright-field cross-section TEM images of m-plane InxGa1-xN/ZnO, 
where x~0.119, taken along the [1120]  projection under (a) g= [0002] and (b) g=
[1100] . (c) High resolution image taken along the [1120]  projection for the 
region outlined by a rectangular box in (b). 
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The InGaN layer with x~16.8% is lattice matched along the a-axis, while 
the mismatch along the c-axis is 1.36% (compressive). As expected, no misfit 
dislocations are observed along the [0001] projection in Figure 3.7(a). When 
observed along the [1120]  projection in Figure 3.7(b), structure of the layer is 
similar to the case of [In] ~11.9%. The high value of the compressive strain 
(1.36%) along the c-axis is alleviated by the island growth mode and also by the 
generation of stacking faults. A correlation between lattice mismatch and the 
separation of the stacking faults is also observed to be 38 and 35 nm, respectively. 
 
Figure 3.7. Bright-field cross-section TEM images of m-plane InxGa1-xN/ZnO, 
where x~0/168, taken along the (a) [0001] projection under g=[1120] , and (b) 
[1120]  projection under g=[1100] . 
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3.4.   Conclusions 
In conclusion, due to the anisotropy of the lattice mismatch along the a- 
and c-axes, m-plane InGaN epilayers grown on ZnO exhibit lattice mismatch 
relaxation mechanisms which are highly efficient in relieving the misfit strain. For 
In compositions corresponding to good lattice-match along the c-direction, the 
tensile stress along the a-direction is relaxed by the generation of cracks and a 
periodic array of misfit dislocations along the [0001] direction. For In 
compositions corresponding to good lattice-match along the a-direction, the 
compressive strain along the c-direction is relaxed by an island growth mode and 
the introduction of stacking faults. Adjustment of these characteristic mechanisms 
of strain relaxation should provide new approaches to engineer thick InGaN 
layers with reduced lattice misfit strain. 
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CHAPTER 4 
M-PLANE THICK INXGA1-XN EPITAXIAL LAYERS GROWN ON FREE-
STANDING M-PLANE GAN
*
 
In this chapter, the microstructural morphologies of m-plane InxGa1-xN 
epilayers grown on free-standing GaN substrate have been investigated. The 
strain relaxation mechanisms at the InGaN/GaN interface have been studied as a 
function of indium composition. 
4.1.   Experimental Details 
Two m-plane thick InGaN epitaxial layers were grown on free-standing m-
plane GaN by MOCVD, and are labeled here as layer 1, and 2. The indium 
composition of the films is estimated by X-ray diffraction (XRD). Cross-sectional 
TEM samples were prepared by standard wedge polishing followed by argon ion 
milling techniques at 4.0 keV, with the specimen held at liquid nitrogen 
temperatures. Bright field TEM images were recorded using a Philips-CM200 
microscope operated at 200 keV and a JEOL-4000EX microscope operated at 
400keV. The optical properties of the InGaN epilayers have been studied by 
cathodoluminescence (CL) equipped in a secondary electron microscope. 
 
 
 
 
 
 
______________________________ 
*
 The author gratefully acknowledges the following collaborations that made the 
work in this chapter possible: Mr. Yu Huang contributed the CL and XRD data 
and Dr. Toshiya Yokogawa from Panasonic Corporation, Japan, provided the 
samples. 
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4.2.   Results and Discussions 
4.2.1.   Determination of Indium Composition by XRD 
Figure 4.1 shows the XRD ω-2θ scans with rocking curve inset from the 
two InxGa1-xN epitaxial layers. One major peak corresponding to the GaN 
substrate appears at 2θ of o32.40 in each ω-2θ scan. Other peaks corresponding to 
InGaN epilayers can be seen at 
o31.92 for layer 1 and o31.76 for layer 2. The full 
width at half maximum (FWHM) from the rocking curves are 113 arcsec for layer 
No. 1 and 438 arcsec for layer 2 indicating better material quality for layer 1.  
 
Figure 4.1. XRD ω-2θ scans with rocking curve inset from the two InGaN 
epilayers: (a) layer 1, (b) layer 2. 
The reciprocal space mappings (RSM) are acquired to determine the 
lattice parameters along m-, a- and c-axis of the InGaN film as shown in Figure 
4.2. The selected reflections for m-plane InGaN are (2202)  and (2310) . The 
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RSMs in Figure 4.2.2 (a) and (b) show only a strong reflection peak 
corresponding to InGaN layer 1 aligned with that from GaN along both a- and c-
directions indicating the film is under the pseudomorphic strain state. However, 
one strong reflection peak aligned with GaN signals accompanied with a 
separated broad signal tail is observed for InGaN layer 2. This means the InGaN 
layer 2 has two sublayers with different indium compositions and strain states. 
Following the steps described in Ref. 97, an equation (Eq.1) can be used to relate 
the lattice parameter with the indium composition, 
0 0
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        (1) 
where, mo, ao and co are the relaxed lattice parameter for a single indium content 
InGaN film, the value  x is the unknown indium composition. 
 
Figure 4.2. RSM of (a) and (b) InGaN epilayer 1, (c) and (d) InGaN epilayer 2. 
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By solving Eq.1, the indium composition has been estimated x~7.7% for layer 1, 
and for layer 2 a main peak at x~11.8% and a broad tail centered at 20.5%. The 
broad signal of the InGaN layer 2 could be due to the poor crystalline quality of 
the material with high indium content. 
4.2.2.   Structural Properties of the M-plane InxGa1-xN Epitaxial Layers 
Figure 4.3 shows the bright-field TEM images of the InxGa1-xN layer 1 
with x~ 7.7%. Under pseudomorphic conditions, the InGaN film experiences a 
compressive strain of 0.89% along the a-axis, and 0.79% along the c-axis. Using 
various two-beam diffraction conditions, the nature of the extended defects has 
been carefully studied. Along the [0001] projection in Figures 4.3 (a) and (b), 
periodic arrays of interfacial dislocations are observed along the interface between 
the InGaN epitaxial layer and the GaN substrate. The dislocations are out of 
contrast under g=[1100]as observed in Figure 4.3 (a), implying that they don‟t 
have a Burgers vector along the [1100] growth direction; on the other hand, 
however, dislocations are visible under g=[1120]  in Figure 4.3 (b), suggesting 
that the interfacial dislocations are of edge type misfit dislocations with a Burgers 
vector b= 1 [1120]
3
65
. The separation of the misfit dislocations is not uniform, 
varying from approximately 30 nm to 140 nm. Taking the compressive strain of 
0.89% along the a-axis, fully relaxed epilayers would exhibit a misfit dislocations 
separation of 36 nm; thus the observations suggest that the InGaN epilayer 
exhibits some degree of local relaxation along the a-axis but as whole film, it is 
still under slight pseudomorphic strain. Along the [1120] projection, the absence 
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of threading dislocations and basal stacking faults in Figures 4.3 (c) and (d) 
indicate that the 0.79% lattice mismatch between InGaN and GaN is insufficient 
to generate extended defects. 
 
Figure 4.3. Bright-field cross-section TEM images of m-plane InxGa1-xN/GaN, 
where x~7.7%, taken along two orthogonal projections. (a) and (b) were taken 
along the [0001] projection with g=[1100]  and [1120] , respectively. (c) and (d) 
were taken along the [1120] projection with g=[1100]  and [0002], respectively. 
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Figure 4.4 shows the overall structure of the InGaN layer 2, with two 
distinct layers observed. The bright-field cross-section images were taken under 
various two-beam diffraction conditions in order to investigate the nature of the 
extended defects. The underlayer is surprisingly almost free of defects for ~ 70 
nm above the GaN substrate under different diffraction conditions. Meanwhile, at 
later stages of growth, the underlayer starts to exhibit a micro-faceted growth 
mode. The micro-facets are inclined at an angle of ~ 
o30 with respect to the 
[1100]growth direction with a right triangular shape as shown in Figure 4.4. The 
height of the vertical side of the micro-facets is about 100 nm and the separation 
between each micro-facet is approximately 84 nm as observed in Figures 4.4 (c) 
and (d). In the projection [0001], however, the underlayer exhibits a continuous 
layer without serrated micro-facets, which could be because the vertical side is 
observed in this direction as shown in Figure 4.4 (a) and (b). Weak beam dark 
field (WBDF) images along [1120]  projection are obtained and are shown in 
Figure 4.5. Observed in contrast under g= [1100] , and invisible under 
g=[0002]
68,115
, stacking faults are seen to originate right at the lower corner of the 
micro-facets and to propagate along the growth direction. Additional stacking 
faults nucleate afterwards following the inclined sidewall of the micro-facets and 
terminate at the saw-tooth-shape surface. Figure 4.5 (c) shows a high resolution 
TEM image in a highly faulted region highlighted in a square box in Figure 4.5(b).  
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Figure 4.4. Bright-field cross-section TEM images of m-plane InxGa1-xN epilayer 
2, taken along two orthogonal projections, (a) and (b) were taken along the [0001] 
projection with g=[1120]  and [1100] , respectively. (c) and (d) were taken along 
the [1120]  projection with g = [0002] and [1100] , respectively. 
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Figure 4.5. Weak beam dark field (WBDF) images of InxGa1-xN epilayer 2, taken 
along [1120] projection: (a) g = [1100] , (b) g = [0002], respectively. (c). High 
resolution image taken along the [1120]  projection for the region highlighted by a 
square box in (b). 
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The absence of misfit dislocations along the interface InGaN/GaN in both 
the [0001] and [1120] projections reflects a high degree of coherence along both 
a- and c-axes (still under pseudomorphic strain state). However, at a certain 
thickness (critical thickness hc)
116
 the InGaN epilayer cannot bear the large strain 
accumulated during growth, and the creation of micro-facets happens. Since the 
BSFs originate at the inclined surface of the micro-facets, the I1 type BSFs (the 
most common type of basal stacking faults in wurtzite structure) with a lattice 
displacement 
6
1 [2203]R   can help relax the InGaN film by a the lateral 
displacement of 1/2 c
117,118
. Convergent beam electron diffraction (CBED) has 
also been carried out to understand the polar direction of the micro-facets of the 
underlayer as shown in Figure 4.6. Compared with the simulated CBED pattern at 
a thickness of 150 nm in Figure 4.6 (b), the vertical sidewall has been determined 
to be the -c direction. 
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Figure 4.6. (a) Bright-field cross-section TEM image g=[0002]. (b) CBED pattern 
taken at the region outlined in a rectangular box in (a). (c). Simulated CBED 
pattern in the thickness of 150 nm. 
Another phenomenon observed in both InGaN layers is the generation of 
consistently inclined stripes as shown in Figure 4.7. These inclined stripes are 
hardly seen in the WBDF images in Figure 4.5(a). The possible explanations for 
the generation of micro-facets are as follows. Firstly, compared with traditional c-
plane, the surface of the m-plane of GaN is relatively undulated with atomic steps, 
which could easily generate small-size atomic facets at the interface of GaN 
substrate. Secondly, the difference in growth speed along –c and +c direction117 
enhances the formation of the micro-facets when the InGaN film starts 
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coalescence during the lateral growth. With the assistance of the inclined surfaces 
of these micro-facets, the atomic arrangement can be reconstructed by 
introduction basal stacking faults or misfit dislocations. The HRTEM image in 
Figure 4.8 confirms the existence of the atomic inclined steps, where the 
reconstructed atomic arrangement is observed. Moreover, the generation of the 
micro-facets is also related to the indium composition, which requires further 
investigation. 
 
Figure 4.7. The inclined stripes are observed to consistently incline with the 
growth direction in (a) InGaN layer 1 and (b) InGaN layer 2. 
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Figure 4.8. HRTEM image of the InGaN/GaN interface. An inclined step is 
observed, associated with a misfit dislocation involving a basal plane stacking 
fault that evolves in pyramidal and prismatic stacking faults. 
4.2.3.   The Optical Properties of InGaN Films 
According to the Kanaya and Okayama model
119
, by applying different 
values of accelerating voltage, the high-energy electrons can penetrate to a certain 
thickness and generate electron-hole pairs to achieve radiative recombination. 
Depth-resolved cathodoluminescence (CL) spectra have been acquired with 
accelerating voltage ranging from 3 to 13 kV. Figure 4.9(a) exhibits a single peak 
at 390 nm indicating that the indium content in InGaN layer 1 is uniform. This is 
not the case for InGaN layer 2, where two peaks are observed at 427 and 539 nm 
as shown in Figure 4.9(b). Monochromatic CL images taken at the emission peak 
at 427 nm (see Figure 4.10(a)) exhibit a patterned luminescence, which 
corresponds to the layer close to the micro-facet from TEM observations. 
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Figure 4.9. Depth-resolved CL spectra: (a) InGaN layer 1, and (b) InGaN layer 2. 
 
 
Figure 4.10. Monochromatic CL images of InGaN layer 2: (a) taken at the 427 
nm emission peak, (b) taken at the 539 nm emission peak, and (c) CL spectrum 
taken at 4 K with an accelerating voltage of 9 KV. 
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4.3.   Conclusions 
The structural and optical properties of m-plane InGaN epitaxial layers 
have been studied. The indium composition of the InGaN epilayers has been 
determined by reciprocal space mapping method by means of asymmetric X-ray 
reflections. InGaN layer 1 with low-In content (x~7.7%) exhibits high material 
quality with low density of defects. However, some degree of misfit relaxation 
along the a-axis occurs due to the observation of periodic arrays of interfacial 
misfit dislocations. The complexity of the structural morphologies of InGaN layer 
2 with high indium content (~ 20.5%) has been investigated. Two distinct layers 
have been observed with different structural morphologies. Two-dimensional 
growth mode with low density of defects is observed at the early growth of the 
film. When the film reaches certain thickness (~ 70 nm), a tendency of a micro-
facet growth mode dominates, with the vertical side-wall facing towards –c 
direction. High density of basal stacking faults generate at the inclined surface of 
the micro-facets in the subsequent growth. The optical properties of the InGaN 
layers have been studied by cathodoluminescence. Depth resolved CL spectra 
confirm the existence of two layers with different indium composition. The CL 
image taken at 427 nm (low indium content) confirms that the layer is located 
near the GaN substrate. Additionally, the intensity of the 427 nm peak is higher 
about 3 times and its FWHM is than that of the 539 nm peak, suggesting good 
film quality and also a more uniform indium incorporation. 
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CHAPTER 5 
EFFECT OF GROWTH TEMPERATURE ON ELECTRON-BLOCKING 
PERFORMANCE OF INALN LAYERS IN GREEN LIGHT EMITTING 
DIODES 
5.1.   Introduction
*
 
InGaN quantum wells (QWs) are normally used as active regions in 
conventional nitride-based light emitting diodes (LEDs)
1
. Significant challenges 
exist in the green and longer wavelength region in spite of high efficiency in the 
UV/blue region
120
. This is partly due to the strong piezoelectric fields that exist 
across the quantum wells, which result from the large lattice mismatch at 
InGaN/GaN interfaces for InGaN films with high indium content
110,121-124
. The 
piezoelectric fields in the QWs tend to decrease the electron-hole wave function 
overlap and the radiative recombination efficiency. To improve device 
performance, a thin AlGaN layer is usually inserted before growth of the p-layer 
to act as an electron-blocking layer, preventing electrons from drifting into the p-
layer. Recently, InAlN epitaxial layers have been proposed as an alternative 
material for the electron-blocking layers
32
; they can be grown lattice-matched to 
GaN, thus reducing the misfit strain and its detrimental effects. 
____________________________ 
*
The main content of this chapter was published as: Effect of Growth Temperature 
on the Electron-blocking Performance of InAlN Layers in Green Emitting Diodes. 
Alec M. Fischer, Kewei W. Sun, Reid Juday, Fernando A. Ponce, Jae-Hyun Ryou, 
Hee, Jin Kim, Suk Choi, Seong-Soo Kim and Russell D. Dupuis, Appl. Phys. Exp. 
3, 031003 (2010). The author gratefully acknowledges that Dr. Alec Fischer 
provided the CL data and Prof. Russell D. Dupuis of Georgia Institute of 
Technology, USA, provided the samples. 
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The InxAl1-xN alloys has attracted increasing interest due to its potential to 
be grown perfectly lattice-matched to GaN for an indium content close to 17%-
18%
30,125
. It is extremely difficult to grow InAlN material with good material 
quality. One difficulty is from the large lattice mismatch between InN and AlN.  
Another is the large difference in growth temperature between InN (~600℃) and 
AlN (~1100℃ ). However, some InAlN alloys have larger refractive index 
contrast and higher bandgap respective to GaN, and it is possible to realize lattice-
matched InAlN/GaN heterojunctions for high electron mobility transistors 
(HEMTs)
126,127
, high reflectivity short wavelength distributed Bragg reflectors 
(DBRs)
128
, and electron-blocking layers (EBLs) in InGaN based LEDs
32
. 
Recently, it has been reported that lattice-matched InAlN electron 
blocking layers achieve a significant improvement in the electron confinement 
and the reduce of the quantum efficiency droop
32,129
. As shown in Figure 5.1, the 
electronic band diagrams of green LED structures calculated by Kim et al.
32
 show 
the In0.18Al0.82N lattice-matched EBL layer has a larger conduction band offset 
compared with normal AlGaN EBL layers, which provide better electron 
confinement in the conduction band of the active region. Choi et al.
129
 also 
indicates that lattice-matched In0.18Al0.82N EBL layers could greatly reduce the 
quantum efficiency droop at higher injection currents as shown in Figure 5.2. 
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Figure 5.1. Electronic band diagram of a green LED structure with lattice-
matched In0.18Al0.82N EBL (black) compared to one with an Al0.30Ga0.70N EBL 
(red)
32
. 
 
Figure 5.2. Quantum efficiency vs. current density for the LEDs with different 
designs of EBL
129
. 
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In this chapter, the effect of growth temperature on the electron-blocking 
performance of InAlN layers in green light emitting diodes is studied. InAlN 
lattice-matched to GaN can be grown in the temperature range between 750-
850℃. The material properties of two sets of InAlN electron-blocking layers 
(EBL) grown at 780℃ and 840℃, simply referred as low temperature (LT-EBL) 
and high temperature (HT-EBL) respectively, have been characterized.  
5. 2.   Experimental Details 
The green LED epitaxial structures were grown by low-pressure MOCVD 
in Thomas Swan 6 2” reactor system on c-plane sapphire substrates. The LED 
structures started with a 1-μm-thick unintentionally doped GaN layer followed by 
a 3-μm-thick Si-doped GaN layer with an electron concentration of n ~ 5 1018 
cm
-3
. A five period In0.25Ga0.75N/GaN (2.5 nm and 11 nm thick, respectively) 
multiple quantum well (MQW) active region was sequentially grown. A 20-nm-
thick lattice-matched In0.18Al0.82N EBL was grown under two growth conditions: 
(a) HT-EBL was grown at 840℃ and 300 Torr with a growth rate of 0.013 nm/s; 
and (b) LT-EBL was at 780 ℃ and 75 Torr with a growth rate of 0.065 nm/s. The 
LED structures were capped with a Mg-doped In0.03Ga0.97N layer with a hole 
concentration of p~2 1018 cm-3, and a Mg-doped In0.03Ga0.97N contact layer with 
a doping concentration of [Mg] ~1 1020 cm-3. The growth parameters of the EBL 
layers are listed in Table 5.1. The samples were prepared in cross-section by the 
standard wedge polishing followed by ion-milling techniques held in liquid 
nitrogen temperature. The structure of the quantum wells and electron-blocking 
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layers was investigated by transmission electron microscopy operated at 200KV. 
The optical properties were characterized by electroluminescence (EL) and by 
cathodoluminescence (CL) spectroscopy in a scanning electron microscope. 
Table 5.1. 
Growth parameters of the InAlN EBL layers 
 
5. 3.   Results and Discussions 
5.3.1.   Microstructural properties of the LT- and HT-EBL 
Figure 5.3 shows cross-section transmission electron micrograph of the 
device structures with a LT- and HT-EBL. Both devices exhibit a well defined 
InGaN QWs structure. However, the morphology of the InAlN EBL is quite 
different. The LT-EBL in Figure 5.3(a) is undulated by inhomogeneous strain 
which may be associated with an island growth; while on the other hand, the HT-
EBL in Figure 5.3(b) has a uniform thickness and contrast, reflecting a two-
dimensional growth. HRTEM lattice images of the active regions of the device 
with LT-EBL shows the indium homogeneity in the InGaN QWs. It is indicated 
that the application of the active-layer-friendly LT-InAlN EBL has little thermal 
damage to the InGaN based QWs, which usually cause indium fluctuation and 
inhomogeneity of the QWs. 
Figure 5.3 (a) suggests a three-dimensional island growth mode for the 
LT-EBL. Pidduck et al. shows for Si-Ge alloys that strain fluctuations within a 
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layer are associated with thickness variations, where the strain is compressive in 
thinner regions and tensile in thicker regions
130
. Thus, the compressive strain 
leads to the formation of island growth mode. The InAlN electron blocking layer, 
on average, may be lattice matched to GaN, but locally it is inhomogeneous as 
shown in Figure 5.3. The local variation in strain could be responsible for the 
island growth mode with undulation in the thickness of the LT-EBL. Lower 
growth temperature also inhibit the dissociation of the nitrogen precursor (NH3), 
leading to the incorporation of high concentrations of hydrogen. In addition, the 
introduction of aluminum into the gas flow may lead to the formation of 
magnesium precipitates, inducing the generation of dislocations and pits at the 
surface
131
. On the other hand, at higher growth temperatures, higher dissociation 
of NH3 would lead to two-dimensional growth and better crystalline quality. The 
InAlN layer morphology may also be improved by the higher pressure and lower 
growth rate, allowing the adatoms to incorporate on the crystal surface more 
uniformly during the growth.  
Figure 5.4 shows the bright-field TEM images of the devices with HT- 
and LT-InAlN EBLs under various diffraction conditions. It is shown that the 
difference of the morphology of the InAlN EBLs also affects the further growth 
of the p-layers. For the device with HT-InAlN EBL, the p-layers tend to follow 
the two-dimensional uniform growth mode with a flat surface. A large density of 
threading dislocations is observed in the underlying GaN layer. The dislocations 
thread through to the InGaN QWs region, and beyond a certain thickness they 
open up into V-shaped defects at the p-layers. Most of these V-defects are 
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associated with the screw components of the threading dislocations as shown in 
Figure 5.4 (b). The cause of the V-defects associated with threading dislocations 
is due to the increased strain energy and the reduced Ga incorporation on the 
{1011}pyramids planes compared to the (0001) surface132-134. However, for the 
device with LT-InAlN EBL, the structural morphology of the p-layers is followed 
by an island growth mode with the same trend of the LT-InAlN EBL. V-shaped 
defects open up near the p-layer as well but not all of them are connected with 
threading dislocations as highlighted in Figure 5.4 (d).  In addition, in Figure 5.4 
(e), basal stacking faults are generated in the p-layer, which is seldom observed at 
the p-layer with HT-InAlN EBL. Cho et al. reported that the formation of the V-
defects could be accompanied with stacking mismatch boundaries (SMBs) related 
with stacking faults generated due to the strain relaxation
135
. The difference of the 
structural morphology between the p-layers with HT- and LT-InAlN EBL could 
be explained as follows: the higher growth temperature and slower growth rate 
favor the uniform two-dimensional growth mode for the EBL. Threading 
dislocations are easy to penetrate from GaN underlayer through the active region 
and open up into V-defects to relax the strain. However, low growth temperature 
and fast growth rate result in an undulated surface of the EBL and further growth 
of the p-layer results in a three-dimensional growth mode. In this case, the 
threading dislocations tend to be blocked at the boundaries of the islands and the 
stacking faults are generated in the p-layer during the growth. The V-defects 
associated with SMBs are formed for the strain relaxation. 
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Figure 5.3. Bright-field cross-section transmission electron microscope images of 
the active region of the (a) LT-EBL and (b) HT-EBL device structures. (c). 
HRTEM lattice image of the active QWs. The EBL exhibits a three-dimensional 
nucleation growth in (a), and a two-dimensional one in (b). The HRTEM lattice 
image in (c) shows the uniformity of the InGaN QWs. 
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Figure 5.4. Bright field TEM images of devices structures with HT-InAlN 
electron blocking layers corresponding to (a) g=[1100]  and (b) g=[0002]; and 
with LT-InAlN corresponding to (c) g=[1100] , (d) g=[0002], (e) Enlarged image 
of the region highlighted as red box showing the existence of the basal-plane 
stacking faults. 
The surface morphology of the EBL was also investigated by atomic force 
microscopy (AFM). Figure 5.5 shows 5 5 μm2 AFM images of the HT-InAlN 
and LT-InAlN EBLs, respectively. It shows that HT-InAlN EBL exhibits a flat 
surface with well-developed step flow and a root-mean-square surface roughness 
of 0.295 nm over a 5 5 μm2 area; however, the LT-InAlN EBL has a rougher 
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surface with a root-mean-square roughness of 0.409 nm. The material quality of 
the HT-EBL is better than that of the LT-HT EBL due to better adatom mobility 
caused by higher growth temperature, which is consistent with the observations 
from TEM. 
 
Figure 5.5. Surface morphology images of In0.18Al0.82N layers measured by AFM 
(5 5 μm2) for (a) LT-EBL and (b) HT-EBL. 
5.3.2.   Optical properties of The Green LEDs with LT- and HT-EBL 
In Figure 5.6, the integrated EL intensity has been demonstrated as a 
function of the injected current for three cases: a) without EBL, b) with HT-EBL, 
and c) with LT-EBL. A significant increase in the integrated EL intensity can be 
observed for the devices with EBL compared to the one without EBL. This 
suggests that the EBL layers play a significant role in confining the injected 
electrons within the active region and reduce the electron leakage in the p-region 
leading to an increase in internal quantum efficiency. The devices with no EBL 
shows higher light emission intensity than the one with the HT-EBL at low 
injection currents possibly due to the decrease of the hole transport efficiency 
when introduction of a thick EBL. However, at high injection currents, the 
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devices with an EBL exhibit much higher light emission intensity. Additionally, 
higher light emission efficiency is achieved for devices with the LT-EBL, 
suggesting the LT-EBL has a superior hole-injection and electron-blocking 
characteristics.  
 
Figure 5.6. Integrated EL intensity as function of injection current for the devices 
a) without EBL (black), b) with HT-EBL (red), and c) with LT-EBL (blue). The 
LT-EBL device has superior light emission intensity. 
Cathodoluminescence spectra were acquired at room temperature and the 
emission intensities for the devices with LT- and HT-EBL are comparable and are 
almost four times more intense than that of the device without EBL as shown in 
Figure 5.7. 
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Figure 5.7. Room-temperature cathodoluminescence spectra of the QW emission 
of the three devices: a) without EBL (black), b) with HT-EBL (red), and c) with 
LT-EBL (blue). Devices with EBL show an emission wavelength blue shift 
compared with the one without EBL. 
The higher efficiency at higher injection currents for the device with LT-
EBL compared to the one with HT-EBL can be explained due to the difference in 
structural morphologies of the two electron blocking layers. TEM observations 
show an undulation in the thickness of the LT-EBL but a uniform thickness of 
HT-EBL. Thus, the holes from the p-layers can hop through the thinner regions of 
the LT-EBL into the active region much easier; whereas the holes have to hop 
through the uniformly thick HT-EBL from the p-layers. CL spectra also indicate 
that the electron-hole pairs, generated by the electron beam recombine radiatively 
in the active regions with the introduction of an EBL layer; while devices without 
an EBL exhibit electron leakage into the p-layers as evidenced by a weak 
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emission at ~380 nm in Fig. 5.3.5. It should be noted the different process of 
generation of electrons and holes between EL and CL: for EL, electrons and holes 
are injected from the n- and p-regions, respectively; for CL, the electrons and 
holes are generated as pairs at the active regions by the electron beam. Thus, the 
higher CL emission intensity for the device with HT-EBL can be explained that in 
HT-EBL case most of the electrons and holes recombine in the active region due 
to the reduced carrier leakage through the uniformly thick EBL. 
Additionally, there is a larger QW emission wavelength shift in the LT-
EBL device than in the HT-EBL device, compared to the device without an EBL. 
HRTEM lattice images in Figure 5.3(c) show no indium inhomogeneity in the 
QWs, which rules out the possibility of indium out-diffusion from the InGaN 
QWs due to thermal damage during the EBL growth. The possible explanation for 
these phenomena could be due to the hydrogen atoms diffusing from the p-layer 
into the QW region leading to reduction of the internal fields of the QWs
136
. This 
effect is more prone for the device with LT-EBL since hydrogen atoms can easily 
diffuse through the thin regions of the LT-EBL. The reduction of the internal 
fields in the InGaN QWs also supports the higher EL intensity for the device with 
LT-EBL observed in Figure 5.6. 
It is also suggested that the high integrated EL intensity of the device with 
LT-InAlN EBL compared with that of one with HT-InAlN EBL is due to the 
thermal annealing effects
32
.  Since the growth temperature for HT-InAlN EBL 
was 840 ℃ with longer growth time of 1500 s, and LT-InAlN EBL was grown at 
780 ℃ for only 300 s, the InGaN based QWs were exposed to higher temperature 
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for longer time during the growth of the HT-InAlN EBL. For indium 
compositions above 20%, needed to achieve green emission, the QWs are more 
vulnerable to thermal damage than that with shorter emission wavelength. Thus, 
the LT-InAlN EBL is more effective in enhancing the emission performance of 
the green LEDs and the thermal annealing effects play a more significant role in 
improving the emission intensity than the structural quality of the InAlN EBLs. 
5.4.   Conclusions 
A GaN lattice-matched InAlN EBL has been proposed for III-nitride-
based visible LEDs, which have been demonstrated to be an effective way to 
improve the quantum efficiency of green LEDs. The growth temperatures have 
been demonstrated to have a significant effect on the material properties of InAlN 
EBL in green LED structures. Layers grown at relatively low temperatures (780℃) 
exhibit a three-dimensional growth mode; while layers grown at higher 
temperatures (840℃) exhibit a two-dimensional growth mode. Also, the high 
electroluminescence of green LEDs with LT-EBLs is due to the undulation in 
thickness of LT-EBL, which favors the hole hopping transport from the p-layer 
into the active region. In summary the InAlN EBL, with high conduction band 
offset, lattice matched capability and lower growth temperature, plays a 
significant role in enhancing the quantum efficiency and provide better electron 
confinement in green visible LEDs. 
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CHAPTER 6 
ELECTRONIC AND OPTICAL PROPERTIES OF ALN/GAN 
SUPERLATTICE IN GAN NANOWIRES 
6.1.   Introduction
*
 
High-efficiency light emitting devices
1
 and photodetectors
137
 based on 
AlGaN/GaN heterostructures operating in the blue-ultraviolet spectral region have 
been available for the last decade. Due to their large energy gap and band offset, 
AlGaN/GaN superlattice structure is also considered as a candidate for application 
of high-electron-mobility transistors (HEMT)
138
. However, several limitations 
still exist for obtaining higher efficiencies: a) a large density of defects, which 
degrade the material quality of the devices and serve as non-radiative 
recombination centers
139
; b) strong polarization fields due to the huge strain 
between AlGaN/GaN heterostructures, which lead to the separation of the 
electron-hole pairs in the quantum confined Stark effect (QCSE)
140
. An 
alternative approach to reduce the polarization effects along the traditional [0001] 
growth direction is to use the 1120 and 1010 non-polar or semi-polar plane 
growth
39,141,142
, but the presence of crystal defects still have deleterious effects on 
the performance of the optoelectronic devices. 
Recently, semiconductor nanowires (NWs) have attracted much research 
interest for their application in nanoelectronics
143,144
. Due to their large surface to  
______________________________ 
*
 The author gratefully acknowledges the following collaborations that made the 
work in this chapter possible: Dr. Alec Fischer provided the CL data and Dr. R. 
Songmuang and Eva Monroy of CEA-CNRS group, France, provided the samples. 
  89 
volume ratio, the NWs can achieve elastic strain relaxation
145
. Therefore, III-N 
NWs are considered a promising way to realize heterostructures that are free of 
defects due to surface strain relaxation, which is a general problem for two-
dimensional growth. Strain relaxation in NWs may also reduce the polarization 
fields in AlN/GaN and InGaN/GaN heterostructures
146,147
. Moreover, NW 
heterostructures exhibit strong luminescent properties
148,149
 and provide a 
promising way to achieve fundamental optical and electrical properties of 
quantum dots (QDs)
150,151
.  
High-quality III-N NWs have been reported by several growth techniques 
such as molecular beam epitaxy (MBE)
152
 and metal-organic chemical vapor 
deposition (MOCVD)
153
, etc. Among them, plasma-assisted molecular beam 
epitaxy (PAMBE) is reported as a successful growth method to synthesize defect-
free and abrupt hetero-interface GaN NWs without using any external 
catalysts
154,155
. 
In this chapter, the GaN NWs with AlN/GaN superlattice structures grown 
by PAMBE on Si (111) substrate have been studied. A correlation between 
microstructure and the optical properties has been carried out using a combination 
of transmission electron microscopy (TEM) and cathodoluminescence (CL). The 
variation of the electrostatic potential across the superlattice structure has been 
measured by electron holography (EH). 
6.2.   An Introduction of Off-axis Electron Holography (EH) 
The original concept was first invented by Dennis Gabor in 1949, as a way 
to break through the resolution limit of electron microscopes
156,157
. Since then, 
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many schemes have been proposed to form an electron hologram, but by far the 
most popular form of electron holography is image-plane off-axis holography by 
using a Möllenstdt-Düke biprism. The schematic diagram of the set-up for off-
axis electron holography is shown in Figure 6.1.  
 
Figure 6.1. Ray diagram of the formation of an off-axis electron hologram. 
A field-emission gun is required in order to form an electron hologram, 
which supplies a relatively coherent source of electrons. An electron biprism is 
used to cause interference of the electron beams and to realize the off-axis 
electron holography. The holograms are usually recorded on a CCD camera, and 
the reconstruction of the holograms is done using software provided by Digital 
Micrograph. A schematic diagram of the reconstruction process is illustrated in 
Figure 6.2
158
. The reconstructed amplitude and phase images supply valuable 
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information on projected electrostatic and electromagnetic potentials of the 
materials. 
 
Figure 6.2. A schematic illustration of the reconstruction process
158
. 
One of successful applications of electron holography in recent years is 
the quantitative study of electric fields in thin films
159-161
. For a thin film of a 
nonmagnetic material, the phase difference by recording electron holograms 
between the reference wave (passing through vacuum) and the object wave 
(passing through the sample) can be expressed as Eq.1: ( , ) ( , )EC V x y t x y  , 
where V(x,y) is the projected electrostatic potential and t(x,y) is the thickness of 
the sample. CE is a wavelength-dependent constant given by 
0
0
2
( )
2
E
E Ee
C
E E
 

 
, 
where E is the energy, λ is the wavelength of the electron beam, and E0 is the rest 
mass energy of the electron. For 200keV electrons, CE = 0.00728 rad/V nm. A 
detail calculation can be found in Ref. 162. McCartney et al.
163
 has shown that the 
sample thickness can be derived from the amplitude image: 2ln( / )o r
t
A A 

, 
where  is the mean free path for inelastic scattering electrons; for GaN,   has a 
value of 61 nm. Since the phase difference and the sample thickness can be 
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acquired from the reconstructed phase and amplitude images from the electron 
holograms, the electrostatic potential of the materials can be directly calculated by 
using Eq.1. 
6.3.   Experimental Details 
A nanowire structure consisting of ~30 wires/μm2 was grown by plasma-
assisted molecular beam epitaxy (PAMBE) on Si (001) substrate under N-rich 
atmosphere
155
. A 500-nm thick Si-doped GaN layer was first deposited, followed 
by a twenty periods of AlN/GaN superlattice with GaN layers doped with Si to ~ 
2 1019 cm-3, and then a 450-nm thick Si-doped GaN layer was capped on the top. 
The average diameter of the NWs is approximately 100 nm. A schematic diagram 
of the NW structure of the NWs is in Figure 6.3. For TEM imaging, the wires 
were cut from the substrate in an ultra-sonic bath of ethanol. The dispersed 
solution of the NWs was then deposited on a Cu TEM grid with a lacey carbon 
film. The crystalline structure of the NWs was carried out using a transmission 
electron microscope operated at 200 keV equipped with a coherent field emission 
source and an electron biprism. Off-axis electron holography has been performed 
in the same microscope to measure the variation of electrostatic fields across the 
AlN/GaN superlattice structure. The optical properties of the NWs were studied 
by cathodoluminescence (CL) in a scanning electron microscope. 
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Figure 6.3. The schematic diagram of the structure of the AlN/GaN superlattice in 
GaN nanowires. 
6.4.   Results and Discussions 
Figure 6.4 shows a bright-field TEM image of the AlN/GaN superlattice 
and the GaN overlayer of a single nanowire. The diameter of the nanowires 
increases monotonically from ~85 to ~116 nm after insertion of the AlN layers. 
The increase in diameter could be due to a high lateral growth rate
164.
 However, 
the basal stacking faults (BSFs) are generated at the upper GaN capping layer as 
shown in Figure 6.4 (b). The HRTEM image in Figure 6.4(c) shows four stacks of 
GaN (dark contrast)/AlN (bright contrast) layers. The thickness of each layer is 
approximately 3 nm, and the interfaces are chemically abrupt. There is no 
appearance of dislocations and stacking faults in the superlattice. A formation of 
facets at the edge of the GaN insertion could be observed.  
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Figure 6.4. (a) Overall structure of a single GaN nanowire, indicating the 
diameter of the nanowire increases along the growth direction. (b) HRTEM image 
of the basal stacking as highlighted in the white box. (c) HRTEM image of the 
AlN/GaN superlattice recording along the [1120] zone axis. The bright (dark) 
contrast corresponding to AlN (GaN). 
Four basal stacking faults (BSFs) have been observed in Figure 6.5 
illustrated as 1 to 4 and the atomic sequences are demonstrated as well. For BSF 1, 
the atomic sequence follows …ABABCBCB…, which belongs to the intrinsic type 
one (I1) with lowest formation energy in wurtzite structure
68
. The rest of the BSFs 
have an atomic sequence of …ABABACACA…, which is of the intrinsic type two 
(I2)
 68
. The generation of BSFs is only observed at the GaN capping layer with 
increase in diameter above the AlN/GaN superlattice; however, it is seldom to 
observe BSFs at the GaN underlayer with a uniform diameter. Several layers of 
  95 
amorphous materials cover the nanowire sidewall which is expected to be gallium 
oxide when the nanowires are exposed to air atmosphere. 
 
Figure 6.5. (a) HRTEM images of four stacking faults, (b) – (e) BSFs from 1 to 4. 
The atomic position „A‟ is represented in yellow, „B‟ green and „C‟ red. BSF 1 
has atomic sequence of „…ABABCBCB…‟, the rest have a sequence of 
„…ABABACACA….‟. 
The variation of the electronic potential along the superlattice region has 
been measured by means of electron holography. Figure 6.6 shows a typical 
electron hologram image under minimal diffraction conditions recorded by a CCD 
camera. 
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Figure 6.6. (a) Hologram taken for the AlN/GaN superlattice structure, (b) 
Corresponding reference hologram without sample. 
Following the steps described in Ref. 24, the Fourier transform images 
corresponding to Figure 6.6 have been acquired as shown in Figure 6.7. By 
performing the inverse Fourier transform of the selected region, a two-
dimensional complex function can be obtained, which is separated into its phase 
and amplitude components. The reconstructed phase and amplitude images are 
shown in Figure 6.8. 
 
Figure 6.7. Corresponding Fourier transform images from the holograms in 
Figure 6.6. 
  97 
 
Figure 6.8. (a) Holographic phase and (b) amplitude images taken from the 
AlN/GaN superlattice and deconvoluted from the hologram. 
Since the nanowires have a hexagonal shape, and the observation 
projection is through the [1100]  zone axis, the thickness of the nanowire in the 
observational view is uniform. Therefore, the projected potential profile can be 
extracted from the holograph information following the steps described in Ref. 
123. The potential profile was taken over a 4.5 nm by 30 nm area, with the longer 
dimension along the growth direction in the central portion of the nanowires as 
shown in Figure 6.9 (a), where the thickness variation can be minimized. Figure 
6.9 (b) shows the potential energy profile across the AlN/GaN superlattice in the 
vicinity to the GaN underlayer. By fitting the central three AlN/GaN layers, where 
the data noise is minimized, the average change in the potential energy between 
AlN and GaN is ~ 1.5 0.2 eV. The average slope from the interpolation of data 
points in the AlN and GaN regions in Figure 6.9(b) has a magnitude of ~ 1.8 0.1 
MV/cm, which is about three times less than the theoretical prediction value of ~ 
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6.65 MV/cm for the strained AlN/GaN superlattice thin film
165
. The lower 
electrostatic field could be attributed to a combination of strain relaxation due to 
the proximity of free surface
166
, and free carrier screening due to silicon doping of 
the GaN layers. 
 
Figure 6.9. (a) Holographic phase image from Figure 6.8 (a) The dashed region 
corresponding to the area where the electrostatic potential profile was extracted. 
(b) Electrostatic potential profile of a portion of the AlN/GaN superlattice 
obtained by electron holography and (c) Simulated band profile using the internal 
field ~ 1.8MeV. 
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The optical properties of the nanowires have also been studied by CL in a 
scanning electron microscope. Figure 6.10 shows the CL spectra of a single 
nanowire taken at 4 and 300K. The emission energy 3.55 eV of the main peak 
corresponds to the superlattice region (as observed in the inset of Figure 6.10). At 
room temperature, the broad emission between 2.85 and 3.25 eV corresponds to 
defect-related luminescence. The low-energy shoulder taken at low temperatures 
presents several detailed features: a shoulder located between 3.41 and 3.47 eV 
and a broad emission centered at 3.3 eV could be observed, the former 
corresponding to the GaN donor-bound excitons emission (3.47 eV) and the  basal 
stacking faults (BSFs) emission (3.41 eV)
72
, while the latter due to prismatic 
stacking faults (PSFs) and partial dislocations (PD)
72
, which is consistent with the 
presence of stacking faults observed in the TEM images of the nanowires. 
 
Figure 6.10. CL spectra of a single nanowire taken at 4 and 300 K. A dominant 
AlN/GaN superlattice emission is observed at 3.55 eV. The emission energy red 
shifts by 40 meV from 4 to 300K. Inset shows the secondary-electron and 
monochromatic CL (at E= 3.55 eV) images of the nanowire. 
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By selecting four CL emission peaks taken at low temperature, the 
location of the corresponding luminescence along the nanowires could be well 
resolved as shown in Figure 6.11. The peak maximum of the superlattice emission 
coincides with the center of the superlattice region. The apparent superlattice 
emission outside the superlattice region is associated with the carrier diffusion 
and the radius of interaction volume (i.e. CL spatial resolution). The donor-bound 
exciton (DX) emission (3.47 eV) in GaN is twice brighter in the underlayer than 
in the capping layer due to the presence of crystal defects, which affects the 
excitonic luminescence by forming non-radiative centers. The BSF emission (3.41 
eV)
72
 accompanied with the luminescence from PSFs and PDs (3.29 – 3.30 eV)72 
is strong in the GaN capping layer above the superlattice.  
 
Figure 6.11. (a) CL spectrum taken at 4 K. (b) Secondary-electron (left) and 
monochromatic CL (right) images of the nanowires. (c) A schematic diagram of a 
single nanowire. (d) CL intensity versus position taken at different emission 
energies: 1) the AlN/GaN superlattice, 2) GaN donor-bound excitons, 3) basal 
stacking faults, and 4) prismatic stacking faults/ partial dislocations. 
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6.5.   Conclusions 
In summary, the microstructure of the GaN nanowires grown on a (111) 
silicon substrate with AlN/GaN has been studied by transmission electron 
microscopy (TEM) showing an increase in diameter at the GaN capping layer 
above the AlN/GaN superlattice where I1 and I2 type basal stacking faults are 
observed. The AlN/GaN superlattice is free of extended defects with chemical 
abrupt interfaces. The optical properties of AlN/GaN superlattice insertions in 
GaN nanowires studied by cathodoluminescence (CL) exhibit an AlN/GaN 
superlattice emission at 3.55 eV in addition to luminescence peaks related to basal 
stacking faults, prismatic stacking faults, and partial dislocations bounding the 
stacking faults. Variations in the electronic potential across the superlattice region 
measured by electron holography (EH) reveal a potential difference of ~ 1.5 eV 
and an average internal field in the AlN and GaN superlattice regions of ~ 1.8 
MV/cm. The relatively small internal field is attributed to free-surface strain 
relaxation and free-carrier screening effects induced by silicon doping. 
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CHAPTER 7 
CONCLUSIONS AND SUGGESTIONS FOR FUTURE WORK 
7.1.   Summary 
In this dissertation, the structural and optoelectronic properties of III-
nitrides have been investigated. First, three c-plane thick InxGa1-xN epitaxial 
layers grown by hydride vapor phase epitaxy have been studied to explore the 
structural morphologies and chemical inhomogeneity of the films and use 
different techniques to determine the indium composition. Second, non-polar m-
plane InxGa1-xN epitaxial layers grown on different substrates have been 
characterized to detect the strain relaxation mechanisms as the change of indium 
composition grown on various substrates. Third, the structural and optical 
properties of devices with lattice-matched InAlN electron blocking layers have 
been analyzed. The effects of the growth temperature on the structural properties 
of the GaN lattice-matched InAlN have been pointed out. The improvement in 
performance of devices has also been demonstrated. Fourth, GaN nanowires with 
inserted AlN/GaN superlattice have been studied. The variations of electrostatic 
potential across the AlN/GaN superlattice have been measured and the defect-
related emission has been determined. 
7.1.1. InxGa1-xN Epitaxial Layers with High Indium Content Grown by 
Hydride Vapor Phase Epitaxy (Chapter 2) 
A study of the structural morphologies of the c-plane InxGa1-xN epitaxial 
layers with indium content ranging from ~16% to ~30% has been presented. Fully 
relaxed InGaN films have been illustrated. Combined with different 
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characterization techniques, the indium contents have been carefully determined. 
A trend of indium chemical inhomogeneity as the increase in indium content has 
been demonstrate, which shows an in-plane two dimensional phase separation. 
High density of basal stacking faults has been observed due to the relatively fast 
growth speed for hydride vapor phase epitaxy. Optical properties of the InGaN 
films have also studied showing a trend of two Gaussian emission peak indicating 
the indium chemical phase separation. 
7.1.2. M-plane InxGa1-xN Epitaxial Layers Grown on Different Substrates 
(Chapter 3 and 4) 
Two sets of non-polar m-plane InGaN epilayers have been investigated. In 
chapter three, the structural properties of m-plane InGaN epilayers grown on ZnO 
substrate with indium content ranging from ~7% to ~17% have been studied. Due 
to the anisotropy of the lattice mismatch along the a- and c-axes, m-plane InGaN 
epilayers grown on ZnO exhibit different lattice mismatch relaxation mechanisms, 
which are related to the indium composition. These characteristic mechanisms of 
strain relaxation could provide new approaches to engineer thick InGaN layers 
with reduced lattice misfit strain. 
In chapter four, the complexity of the structural morphologies of two m-
plane InGaN epitaxial films grown on free-standing m-plane GaN substrate has 
been analyzed. The indium composition has been determined by reciprocal space 
mapping methods to be approximately ~8% and ~20% respectively. The low-In-
content film is partially relaxed by means of the generation of arrays of periodic 
misfit dislocation at the interface. A microfacet free of defects has been observed 
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at the early growth stage for high-In-content film. Above certain thickness, high 
density of basal stacking faults is generated at the sidewalls of these microfacets. 
7.1.3. Effect of Growth Temperature on Electron-blocking Performance of 
InAlN Layers in Green Light Emitting Diodes (Chapter 5) 
The performance of GaN lattice-matched InAlN electron-blocking layers 
grown at different temperatures has been studied. The GaN lattice-matched InAlN 
electron blocking layers have been demonstrated as an effective way to confine 
electrons into the active regions and improve the quantum efficiency. The 
structural morphologies tend to change from island growth mode at low growth 
temperature to two-dimensional uniform growth mode at high growth temperature. 
However, the device with InAlN electron blocking layer at low growth 
temperature exhibits superior performance due to the undulation in thickness to 
ease the hole hopping from p-layers and the thermal protection to the active layers 
during the growth of InAlN electron blocking layer at lower temperature. 
7.1.4. Electronic and Optical Properties of AlN/GaN Superlattice in GaN 
Nanowires (Chapter 6) 
The microstructure and optoelectronic properties of the GaN nanowires 
grown on a (111) silicon substrate with AlN/GaN have been studied. The 
AlN/GaN superlattice exhibit chemical abrupt interfaces. The diameter of the 
GaN capping layer above the superlattice increases along the growth direction 
with the generation of different types of basal stacking faults. The internal electric 
field across the AlN/GaN superlattice has been measured to be a relatively small 
value due to the free-surface strain relaxation and free-carrier screening effects 
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induced by silicon doping. The superlattice- and defect-related emissions have 
also been illustrated at different location of GaN nanowires. 
7.2.   Suggestions for Future Work 
The first research topic for future work can be to fully understand the 
growth mechanisms for non-polar (a- and m-plane) and semi-polar plane III-
nitrides. III-nitride in non-polar or semi-polar directions have been proven to be 
an effective way to solve the efficiency-droop problem in the application of 
InGaN based light emitting diodes (LEDs) and laser diodes (LDs). However, 
there are still several obstacles to overcome. Typically the non- and semi-polar 
III-nitride materials exhibit high density of defects due to the lack of proper 
substrate. Several candidates such as m-plane ZnO, r-plane sapphire etc. have 
been used to grow non- or semi-polar GaN. But the best substrate for such growth 
should be free-standing GaN substrate. Currently, the commercial way to 
fabricate free-standing GaN substrate is by using hydride vapor phase epitaxy to 
grow thick GaN layer followed by slicing to certain directions. Another approach 
is by growth of bulk GaN crystals using ammonothermal method, which can 
produce material with far fewer dislocations. Thus, it is interesting to study these 
materials to understand the structural properties as well as the optical and 
electronic properties. 
The second future research topics is the study of III-nitride nanowires. III-
nitride nanowires are a relatively new topic in the research field of III-nitrides. 
However, these nanowires exhibit unique characteristics in modulating their 
electrical conductivity and creating heterostructures to enable versatile electronic 
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and photonic functions. The emergence of III-nitride nanowires with low density 
of defects, strong photo confinement and large spontaneous emission factors 
offers an opportunity to realize LEDs and lasers with unprecedented small sizes. 
The growth techniques and the study of the structural and optoelectronic 
properties remain immature now. Thus, the investigation on III-nitride nanowire 
would also be an interesting topic to explore in the future.  
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